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ABSTRACT
THE THERMODYNAMICS OF DEFORMATION FOR
THERMOPLASTIC POLYMERS
(SEPTEMBER 1987)
GARY WILLIAM ADAMS, B.S., WORCESTER POLYTECHNIC INSTITUTE
Ph.D., UNIVERSITY OF MASSACHUSETTS
DIRECTED BY: PROFESSOR RICHARD J. FARRIS
The post-yielding behavior of some common thermoplas-
tics was examined in uniaxial tension to determine if these
materials were ideally plastic from a thermodynamic view-
point. Various polyethylenes
, poly(methyl methacrylate ) and
polycarbonate, polyarylate and polysulfone based on bisphe-
nol A were studied. Thermodynamic measurements were made
during deformation using a novel isothermal deformation
calorimeter capable of measuring the work and heat of defor-
mation. Thermodynamically ideal plasticity was not observed
for any of the polymers examined . The polyethylenes stored
approximately 30% of the input work as a latent internal
energy change while this value was 40-50% for the amorphous
glasses
.
Differential scanning calorimetry results for the de-
formed polyethylenes indicated that the heats of transition
were less for the drawn samples than for the isotropic
vii
samples. This result was primarily due to the stored defor-
mation energy and was not necessarily indicative of a change
in crystallinity. The energy stored during drawing was ex-
plained using some commonly accepted models for the deforma-
tion of polyethylene.
Additional experiments were performed to determine the
mechanism of deformation energy storage and to ascertain the
implications of this stored energy in engineering applica-
tions. Relaxations at temperatures much less than the glass
transition temperature (Ta ) were observed for the drawn
amorphous glasses using dynamic mechanical and differential
scanning calorimetry measurements. Substantial thermal
shrinkage was found in unconstrained drawn glassy samples
exposed to thermal cycles never exceeding Tg . Considerable
stress buildup was also observed for uniaxially constrained
glassy samples cycled at temperatures much less than Tg .
The values of these stresses were typically greater than 50%
of the yield stress. These thermally induced events were
attributed to a partial release of the energy stored during
deformation. These experimental observations were explained
in terms of a proposed deformation model which involves
chain deformation with breakage and re-formation of inter-
molecular secondary bonds.
viii
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CHAPTER 1
INTRODUCTION
1.1 Purpose
The deformation behavior of polymeric materials has
been extensively studied from a continuum mechanics view-
point. The focus of most experimental observations on poly-
meric deformation behavior has been the determination of
stress-strain relations and, in rare cases, calculation of
the work of deformation. The work of deformation is a path
dependent quantity which is of some practical interest, but
yields little fundamental information about structural or
morphological changes which occur during deformation. The
post-yielding or so called "plastic" deformation of polymers
is particularly interesting from both an applied and scien-
tific point of view. Common commercial forming operations
often deform polymeric materials beyond their yield point
both above and below their melt or softening temperature.
Industrial processes such as blow molding, extrusion, wire
coating, spinning, and cold forming all induce very large
deformations, yet little is known about what effect these
operations have on the thermodynamic state of polymers. One
characteristic of ideal plasticity is that no change in
thermodynamic state occurs during plastic deformation. The
1
post-yielding deformations of polymer materials are often
referred to as "plastic" and this property of being easily
shaped or formed has led to the everyday term for polymeric
materials, plastics.
The goal of this dissertation is to determine if the
post-yielding deformations of some common thermoplastics
were ideal from a thermodynamic point of view. Additional
goals are to discover where the applied work of deformation
goes, and what possible consequences any observed changes in
thermodynamic state might have in engineering applications
of polymeric materials. The approach taken is primarily an
experimental one. The realization of these goals is sought
by measuring the corresponding heat associated with the ap-
plied work of deformation in uniaxial tension of various
polymeric materials. These experimental measurements are
made using an isothermal deformation calorimeter which was
developed and tested in our laboratory. From the deforma-
tion calorimetric heat data and concomitant work measure-
ments, it is possible to directly calculate the change in
internal energy due to the applied deformation using the
first law of thermodynamics.
31.2 Overview of Dissertation
This chapter introduces the major goals of the re-
search. Chapter 2 presents a detailed description of the
technique of deformation calorimetry. The thermodynamics
for various idealized deformations are discussed in order to
provide a framework in which to view the experimental data
obtained in subsequent chapters. A brief literature review
of previous deformation calorimeters is also included in
Chapter 2. The physical basis and equations of operation
for the deformation calorimeter used for the experiments in
the remainder of the dissertation are presented. Finally,
the results of electrical calibration experiments, natural
rubber deformation, and elastic deformation of various mate-
rials are shown in order to verify the accuracy of this in-
strument
.
The experimental results from the deformation calori-
metric studies on polyethylene are discussed in Chapter 3.
Background information about polyethylene morphology and de-
formation is also presented in Chapter 3. The influence
of polyethylene structure (degree of branching, molecular
weight, crystallinity ) on the deformation thermodynamic be-
havior is assessed. The deformation calorimetric data is
discussed in terms of accepted models for polyethylene de-
formation. The relationships between the deformation
thermodynamic data obtained and both the thermo-mechanical
and differential scanning calorimetric behaviors are ex-
plored
.
Chapter 4 extends the research on deformation thermo-
dynamic behavior to some amorphous glasses. The glasses ex-
amined are poly (methyl methacrylate ) (PMMA) and polycar-
bonate, polyarylate and polysulfone all based on bisphenol A
(denoted as BPAPC, BPAPA and BPAPS respectively). Back-
ground information from the literature concerning physical
aging, the relationship between stress and physical aging,
and the results of dynamic dielectric and dynamic mechanical
experiments are presented in Chapter 4. The deformation
calorimetric behavior of these glasses is examined with par-
ticular emphasis given to the observed internal energy
changes due to post-yielding deformations. The differential
scanning calorimetric (DSC) behavior of the stressed glasses
is measured as an additional qualitative indication of the
internal energy state of the drawn polymers. Dynamic me-
chanical measurements are made on the drawn glasses in order
to determine if any sub glass transition temperature relax-
ations are evident. Thermo-mechanical measurements are also
made on the stressed glasses. These experiments include
uniaxial length versus temperature for stress-free samples,
and uniaxial stress versus temperature in the draw direction
for constrained pre-drawn samples. The results from some
thermal cycling experiments are also presented. The rela-
tionship of the thermal cycling data to the observed
internal energy changes during deformation and possible
consequences in engineering applications are discussed. A
deformation model is proposed which explains the deformation
calorimetric behavior and is consistent with data obtained
from the other experiments.
The results of some additional deformation calorimetric
experiments are introduced in Chapter 5. Thermodynamic data
obtained during post-yielding uniaxial compression and ten-
sion of poly (ethylene terephthalate ) (PET) hollow fibers is
discussed. The deformation calorimetric behavior of some
amorphous glasses fractured in tension is presented and a
reason for these observations proposed. Chapter 5 also con-
tains a discussion of other possible experimental uses for
the differential pressure measurement technique. Differen-
tial pressure measurement forms the physical basis upon
which the deformation calorimeter is built. Additional ex-
perimental determinations which can also be based on dif-
ferential pressure measurement are determination of gas dif-
ferential temperature, sample volume change due to deforma-
tion, and gas diffusion into solids.
Chapter 6 summarizes the major findings of this dis-
sertation and includes suggestions for future research pro-
jects .
CHAPTER 2
DEFORMATION CALORIMETRY
2 .
1
Introduction
The characterization of solid ma
ics point of view has traditionally been limited to various
terials from a mechan-
types of stress-strain measurements. Information about the
thermodynamics of deformation is implicit in the formulatio
of valid constitutive relations which accurately and com-
pletely describe deformation behavior (1). When compared
able, the accessible experimental information on the defor-
mation thermodynamics of materials is quite limited. In ad-
dition to aiding in the formulation of valid constitutive
relations, deformation thermodynamic data has been shown to
provide valuable insight into the deformation processes of
various elastomers (2)
.
One experimental approach to obtain thermodynamic in-
formation from the stress-strain curve has been to calculate
the work of deformation, or in the event that the deforma-
tion is continued to failure, toughness. Unfortunately,
this rarely provides fundamental knowledge about the nature
of the deformed polymer. The work of deformation is but one
of many thermodynamic variables required to completely
characterize the deformation process. Therefore, the work
with the volumes of stress-strain experimental data avail-
6
of deformation is dependent on a number of parameters not
necessarily related to the polymer structure or the nature
of the deformation. These parameters include: sample
preparation, sample history, time scale of the experiment,
and means of applying the deformation. The work of deforma-
tion is a path dependent quantity and as such does not pro-
vide any understanding about the thermodynamic state of the
deformed material. Thus, in merely applying a deformation
and observing the work required, one is left without a clear
explanation of where the work of deformation went. The work
of deformation may be partly stored and partly converted
into heat. Work stored solely as elastic strain energy is a
special case, often the work of deformation cannot be recov-
ered upon removal of the load. In this situation, measure-
ment of the energy dissipated is most important and may
yield fundamental insight into the deformation process. Ex-
perimental observation of the energy dissipated may be ac-
complished by measuring the heat of deformation. Combining
this information with the work of deformation enables one to
calculate the internal energy change of deformation which is
a state function. Deformation calorimetry is the experimen-
tal measurement of both the work and heat of deformation.
8or an
2.1.1 Deformation Calorimetry
One of the first people to recognize that a rapid
change in stress resulted in a temperature change f
elastic body was J. P. Joule (3-5) who also performed exten-
sive measurements on the mechanical equivalent of heat using
his braking calorimeter. It is interesting to note what
would have happened if Joule had used a viscoelastic fluid
for his calorimetric experiment. If the relaxation time for
the fluid were longer than the time of his experiment, the
state of the fluid would have been different at the conclu-
sion of the experiment, yielding an incorrect result. Joule
discovered that a steel bar deformed elastically became
cooler upon rapid loading and warmer upon unloading while
elastic compression caused the bar to become warmer upon
loading and cooler during unloading. Joule also noted that
vulcanized India rubber became warmer upon loading to large
deformations. About 50 years earlier, Gough (6) had ob-
served that an India rubber band held at constant stress
would contract upon heating and elongate when cooled. These
experimental observations were summarized by Lord Kelvin (7)
who proposed the equations of thermoelasticity
. Thus by the
late 1800' s, a quantitative relationship between heat and
stress for elastic deformation of various solid materials
was recognized.
Once it was well established that deformation resulted
in a heat change for a solid body, the discovery was made
that deformation could result in a change of thermodynamic
state. Stress, strain and temperature for a solid then are
related in a very similar manner to the relationship between
pressure, volume and temperature for a gas. These effects
due to change in thermodynamic state are often much more
striking for a gas than for solid materials such as metals
and ceramics since the modulus for these solids is usually
nearly independent of temperature. Thus, when only consid-
ering stress and strain, these temperature effects could be
neglected to a first approximation. From an energetic point
of view, these thermal effects due to deformation are not
negligible. They are often of the same order of magnitude
as the work of deformation. When large, post-yielding de-
formations were applied, it was observed that even for met-
als structural changes occurred during the deformation pro-
cess. These observations prompted investigation of the
stored energy of cold work. Quinney and Taylor (8,9) were
among the first investigators to make microcalorimetric mea-
surements on metals which had been cold worked. Their pri-
mary experimental apparatus was a temperature scanning mi-
crocalorimeter which enabled them to measure minute changes
in heat capacity. This technique is very similar to differ-
ential scanning calorimetry (DSC) presently used for poly-
mers and other organic compounds. Quinney and Taylor's
10
results enabled them to calculate that portion of cold work
which was stored in a specific metal and from the stored en-
ergy, make inferences about the structural changes which
took place due to the deformation. Additional microcalori-
metric methods have been extensively used to measure the
stored energy of cold work for metals. Bever, et. al . have
prepared an excellent comprehensive review concerning the
experimental determination of the stored energy of cold work
for metals (10)
.
Microcalorimetric methods may be primarily divided into
two categories, one step methods and two step methods. One
step methods involve some type of direct temperature or heat
measurement while two step methods rely on converting the
deformed sample and a control sample to identical final
states. A comparison of the energy required to effect this
change is then made. Quinney and Taylor's apparatus was an
anisothermal annealing two step method. Additional common
two step methods are: isothermal annealing in which a sam-
ple is placed in a constant temperature calorimeter and en-
ergy release is measured as a function of time, and reaction
methods in which cold-worked and control samples are reacted
or dissolved in a working substance inside a calorimeter and
the energy is obtained from the heats of reaction or solu-
tion. Variations of all the previous methods have also been
used on polymers. This dissertation will concentrate on one
single step method of isothermal deformation calorimetry re
ferred to as deformation calorimetry.
2.1.2 Deformation Calorimeters
One type of isothermal deformation calorimeter is that
which measures heat flux or temperature. Since the tempera
ture effects associated with solid deformations are often
very subtle, on the order of fractions of a degree Celsius,
it is extremely difficult to measure temperature. One
method of accomplishing this is by detecting the change in
temperature or heat capacity of a flowing medium (usually a
gas) which passes over the sample being deformed. A defor-
mation calorimeter of this type was constructed by Duvde-
vani, et. al
.
(11,12) who made deformation calorimetric mea
surements on various elastomers during simple ramp strain
loading-unloading as well as sinusoidal strain deformation.
The other main type of temperature measuring calorimeter is
the Tian-Calvet microcalorimeter
. A detailed and complete
description of this type of microcalorimeter has been given
by Calve t and Pratt (13). This type of instrument uses
thermocouples or thermopiles to sense a temperature differ-
ence between the sample cell and a reference cell. The mea-
sured temperature difference, dT, is related to the heat
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flux, dQ/dt, by means of the following differential equation
where K and r are experimentally determined constants:
dQ/dt = KfdT + Td(dT)/dt|
This type of calorimeter has the advantage that the baseline
is insensitive to any volume changes in the sample due to
Poisson's effect but has a number of disadvantages. Due to
the relatively large thermal capacity of the thermocouples
compared with a typical sample's heat capacity, the time
constant, t, for this type of instrument is usually 30-45
seconds. Because temperature difference is measured and
heat is desired, conversion of the temperature difference
data to heat data is tedious and requires extensive numeri-
cal integration and calibrations.
Heat is measured directly in a different type of iso-
thermal deformation calorimeter. This type of calorimeter
uses temperature induced pressure changes in an enclosed gas
to measure heat. The principle of measurement is closely
related to hot-wire methods of measuring the thermal conduc-
tivity in gases first introduced by Schlierermacher (14)
.
An isothermal deformation calorimeter using a differential
pressure technique was first introduced by F.H. Muller and
A. Engelter in 1958 (15). Their instrument operated by con-
necting a reference and a sample cell each to one side of a
differential manometer. The reference cell contained an
oease
electrical resistive element. When heat was evolved due t
deformation, the pressure in the sample cell would incr
as the heat was conducted out from the sample to the sur-
rounding gas. An electrical feedback control connected to
the differential manometer would then cause a current to
pass through the resistor in the reference cell, nullifying
any differential pressure. Heat evolved was equal to the
energy input into the heating element. Sample endotherms
'
were slightly more difficult to measure. This measurement
was accomplished by giving the cylinder a preheating which
was reduced during deformation. This calorimeter was a more
direct measurement of heat than the Tian-Calvet calorimeter,
but still had some difficulties. The mathematics were sim-
ple but endotherms were troublesome to detect and calculate.
The proportionality between heat flow and gas pressure re-
quired was only valid when sample sizes were very small such
that heat was conducted away very quickly, i.e. the time
constant of the combined sample and sample cell system was
very short.
2.1.3 Literature Review
The majority of deformation calorimetric results in the
literature are based on measurement either using the Tian-
Calvet method or a variation of the Muller-Engelter
calorimeter. One of the most prolific investigators to use
the Tian-Calvet method of deformation calorimetry is Godov-
skii (16). Godovskii has used deformation calorimetry ex-
tensively to study the thermodynamics of rubber elasticity
(17,18). He has also examined the thermodynamics of elastic
deformation for a number of polymers including oriented
polyethylene (19), polypropylene, nylon-6, poly ( ethylene
terephthalate) and poly (butylene terephthalate ) (20). vir-
tually identical calorimeters to Godovskii 's have been
constructed by DeCandia et. al . (21) and Kilian and Hohne
(22) to study rubber elasticity. This technique has been
used by Andrianova to study the post-yielding behavior of
polyethylene terephthalate) (23) and by Goritz (24) to ex-
amine elastic deformation of polyethylene.
An instrument virtually identical to Muller's calorime-
ter was constructed by Foster and Benner (25) who made mea-
surements on polycrystalline copper and nylon 6,6. An iso-
thermal deformation calorimeter based on a variation of
Muller's original design was fabricated by Lyon and Farris
(2)
.
The instrument described in the following section is
substantially this instrument upon which a number of modifi-
cations and improvements have been made.
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2.2 Experimental Method
2.2.1 Description of Instrument
The isothermal deformation calorimeter used for the
measurements of heat and work of deformation is an improve-
ment on the Muller-Engelter device. This instrument di-
rectly measures the heat of deformation in contrast to the
Muller-Engelter calorimeter which calculates heat using a
nullifying electrical circuit.
A schematic diagram of the deformation calorimeter is
shown in Figure 2.1. The instrument consists of two hollow
cylindrical stainless steel chambers each of which is con-
nected to one side of a differential pressure transducer.
The chambers are connected to the differential pressure
transducer using stainless steel tubing which passes through
the temperature controlled fluid surrounding the chambers.
This configuration aids in damping out spurious pressure
fluctuations due to variations in air temperature and helps
to maintain thermal equilibrium. Each of the two chambers
contains an external vent in order to prevent an excessive
pressure difference from arising due to thermal fluctuations
during equilibration of the instrument. A differential
pressure of more than 1.4X10 4 Pa can destroy the transducer.
The external vents are tightly closed prior to commencing a
calorimetric experiment. One of the chambers is the
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Figure 2.1. Schematic diagram of the deformation
calorimeter. 1) Sample, 2) Sample Cell Wall, 2A) Sample
Cell Base, 3) Reference Cell, 4) Load Cell, 5) Sample Cell
Pull Wire, 6) Sample Cell Lock Nut, 7) Pressure Transducer,
8) Load Cell Amplifier, 9) Reference Pull Wire, 10) Pressure
Transducer Amplifier, 11) Personal Computer, 12) Fluid Tank.
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reference cell and contains a spring attached to a pull wire
while the other identical cell is where the sample is
Placed. The sample is attached to the bottom of the cell
and to a movable pull wire which passes through an airtight,
frictionless mercury-teflon seal.
The pressure transducer separating the two chambers
produces a voltage signal directly proportional to the gas
pressure difference between the two cells. This signal is
digitized and stored in one memory address of a personal
computer. The sample pull wire is attached to a force
transducer which is mounted on a movable crosshead. A volt-
age signal proportional to the load required for deformation
is produced by the force transducer and is digitized using
the personal computer. The digitial data is then stored
versus time in another memory address in the personal com-
puter. Crosshead displacement is measured using a displace-
ment transducer mounted on the crosshead and fixed at one
end on the frame of the stretching device. The displacement
signal is converted to digital data versus time and stored
in a third memory address in the personal computer.
Calorimetric measurements are made by simultaneously
moving both pull wires so that there is no pressure signal
resulting from a volume change in either chamber. Thus, any
differential pressure signal arises from a variation in tem-
perature of the gas surrounding the sample.
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The two identical stainless steel cylinders comprising
the sample and reference chambers are 200 mm in length, each
having an inner diameter of 19.05 mm and an outer diameter
of 31.75 mm. Both cylinders are fastened to a fixed stain-
less steel plate inside the temperature controlled fluid
which is a mixture of water and ethylene glycol. The sample
cylinder is placed in the center with the pressure trans-
ducer and reference cell radially symmetric on either side.
The calorimeter cells are accessed by unscrewing a lower re-
taining nut which is sealed using a nitrile rubber 0-ring
coated with silicone high vacuum grease. All other seals
used in the calorimeter are either pipe threads or compres-
sion fittings of vacuum grease coated O-ring seals, with the
exception of the mercury drop seal in the top of each cham-
ber.
Very straight 0.25 mm diameter Invar 36 steel wires
are used as pull wires. This nickel-iron alloy possesses an
extremely low thermal expansion coefficient, thus avoiding
heat effects due to the wires during deformation. The
spring in the reference chamber does not contribute to the
heat effects since the tensile and compressive forces in the
torsional spring result in equal and opposite heat effects.
The net result is no flow of heat to or from the torsional
spring during either extension or retraction. This effect
has been shown experimentally.
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Polyimide (DuPont 0.05 mm Kapton- ) baffles were placed
inside the sample cell to avoid convection effects at the
highest heat evolution rates. The sample cell contains five
equally spaced baffles held in place by an elastomeric adhe-
sive on polyamide rings. These rings were carefully forced
into position and maintain their placement in the sample
cell due to friction. The baffles insure that the differen-
tial pressure response is independent of sample geometry or
axial position.
The stretching device consists of a drivetrain contain-
ing a synchronous reversible AC motor, electric clutch-
brake, 10 speed transmission, pillow block bearings and a
single jactuator. These components are coplanar and con-
nected using toothed gears and timing belts to minimize
slippage and vibration. The movable crosshead is attached
to the jactuator by two steel rods which pass through linear
self
-lubricated bushings. The ten speed settings on the
transmission correspond to linear crosshead speeds from
0.27 mm/min to 270 mm/min. An Interface 5 kg Super-Mini
load cell is fixed on the movable crosshead. The load cell
is excited by a Data Instruments Model #201 amplifier which
has a 5V DC excitation signal and a maximum output of 5V DC.
Displacement of the crosshead is monitored using a
Trans-Tek linear variable displacement transducer (LVDT)
model #0246-0000 which is a DC-DC unit with a total linear
range of 200 mm displacement. The LVDT is excited using a
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regulated 15V DC power supply. The LVDT output is smoothed
•lightly using a Texas Instruments #741 operational ampli-
fier which also reduces the LVDT open circuit voltage
(maximum output) to ±5V DC.
The differential pressure measuring system contains a
Celesco P7D variable reluctance pressure transducer which
has a ±7X103 P a (tO.lpsi) differential pressure diaphragm.
The transducer is excited and output signal amplified using
a Celesco CD25C transducer indicator which supplies a ±10V
DC full scale signal and uses an AC carrier signal for exci-
tation. A pressure signal ripple of random noise having an
amplitude of 1-5 mV usually exists due to the high gain re-
quired to record the minute differential pressures resulting
from an experiment. Typical baseline pressure drift is ap-
proximately ±8 mV/hr measured over a time of 12 hours.
The data is collected and stored on a 128K Apple He
personal computer connected to a CMC 20MByte hard disk.
Analog to digital conversion is accomplished using an Ap-
plied Engineering A/D board powered by the Apple internal
power supply. The data collection programs were developed
in our lab and were written in machine language to more ef-
ficiently use time and memory space. Data from each of the
three channels are stored on a 128K floppy disk. The gains
for each of the three channels are chosen independently by
the user for each experiment. Maximum resolution is 12 bits
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of information whioh corresponds to one part in 2048 or 12
MV at the maximum gain.
The data was manipulated and plotted using our own
menu-driven software. The pressure was smoothed numerically
using a five point linear average smoothing routine. Numer-
ical integrations, which were required for calculation of
both the heat and work from the pressure-time and force-
displacement data respectively, were carried out using a
quadrature technique. 2000 individual data points were col-
lected for each channel per experiment. The maximum fre-
quency for data collection was 7 hz (which was limited by
the speed of the machine language program)
. Limits of inte-
gration were chosen by the program using a change in slope
of the displacement-time curve as the criterion. The user
was also able to input limits of integration if the program
chosen values were unreasonable. Work calibrations were ac-
complished by moving a weight through a known displacement
and comparing the expected value for work with that calcu-
lated by the computer program. Agreement between the two
values was better than ± 2% for work values of 100-lOOOmJ
(lmJ=10- 3 Joules). Heat calibrations will be described in
some detail in a later section of this chapter.
•2.2 Theory of Operation
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A primary consideration in developing this method of
microcalorimetry was the advantage of using the differential
pressure measurements to directly measure heat. This is in
contrast to the Tian-Calvet calorimeter which uses tempera-
ture to measure heat and is also different from the Muller-
Engelter device which used an electrical heating null com-
pensating system.
It can be shown experimentally and theoretically that
the differential gas pressure measured by the pressure
transducer is given by the following linear convolution in-
tegral equation (26):
P(t) =
o
K( t-u) (5Q/5p)dM (2.1)
where P(t) is the differential pressure at time t, and
K(t-p) is a continuous function which depends only on the
calorimeter design, geometry and materials. The LaPlace
transform of (2.1), assuming 5Q(0)/5t = 0, becomes:
P = KsQ (2.2)
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Inverting (2.2) one obtains:
0- (P/8)(l/K,
(a-3J
Suppose the kernel function, K(t-p), is an exponential func-
tion with a single relaxation time (this can later be veri-
fied experimentally once an expression for Q
(
t)
, heat as a
function of time, is obtained):
Kit) = (1/cT).-/. (2 4)
or in Laplace space:
K = l/[C(l+as) ] (2>5)
where a=T, therefore:
Q = CP/s + CaP (2.6)
Inverting (2.6), one obtains an expression for the heat as a
function of time, Q(t), in terms of the measured differen-
tial pressure, P ( t) , a calibration constant, C, and relax-
ation time, t:
t
Q(t) = C P(p)dp + CtP( t)
0
(2.7)
It can be shown in a similar manner that the total heat is
always equal to the area under the differential pressure-
time curve no matter what the form of Ut) is, provided K(t)
is a continuous function. A similar expression may be writ-
ten for the rate of heat evolution in terms of the above pa-
rameters
:
dQ/dt = CP( t) + CTdP/dt (2.8)
Heat was calculated from the differential pressure data us
ing equation (2.7). The constants C and t were experimen-
tally determined. Details of these experiments appear in
section 2.4.
The work of deformation, W(I), was calculated from
the following expression:
W ( I) = f- dl =
lo
f- (d!/dM)dp (2.9)
where f is the measured force, and 1 is the distance. Thus,
W(J) is simply the area under the force-displacement curve.
Since both parameters were measured and recorded, calcula-
tion of the work of deformation was extremely straightfor-
ward.
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The change in internal energy, dU(t>, was calculated by
from the first law of thermodynamics, dU(t) = Q(t) + W(t).
The signs for Q and W are defined in the following manner:
Q>0 for heat flow into the sample,
w>0
.
for work done on the sample. I
Therefore, Q>0 corresponds to a sample endotherm while Q<0
corresponds to a sample exotherm or heat flow out of the
sample. A positive displacement (extension) always results
in W>0 for uniaxial tension while a retraction, or allowing
a sample length to decrease, will always result in W<0 for a
sample under some tensile load.
2.3 Theory of Solid Deformation Thermodynamics
The heat flow or temperature change of any body with a
finite thermal expansion coefficient is necessarily related
to the stresses on the body. This relationship may be com-
paratively simple with certain simplifying assumptions or
may not be possible to analytically describe. This section
will present thermoelastic and thermodynamic relations for
some simple, idealized cases and will present some ideas
about the more complex cases. One might anticipate that the
description of deformation from a thermodynamic view would
be simpler than using the tensorial mathematics convention-
ally used to describe stress-strain behavior. This is not
the case, however. The thermodynamic quantities, while
scalars, are used primarily because this is the only ap-
proach which may be used to accurately describe the state of
a deformed body. The stress-strain relations, and concomi-
tantly the work, are path dependent and make no statement
about the thermodynamic state or nature of a deformed body.
The first law of thermodynamics states:
dU
" Q + W (2.10)
where dU is the change in internal energy, Q is the heat
transferred to the system and W is the work done on the sys
tern. There are very few restrictions on the first law of
thermodynamics since it holds true for any process whether
reversible or irreversible. In addition, it is applicable
to any state of matter, solid, liquid, or gas. While the
consequences of the first law are often most striking for
gases or vapor-liquid phase changes, the first law is
equally important for solids. Since an instrument has been
constructed which permits simultaneous measurement of heat,
work and calculation of dU, it now remains to demonstrate
what results are expected for some idealized, simple cases.
The small reversible deformation of a Hookean elastic
solid is one of the simplest to analytically describe in
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terms of thermodynamics. since the measurement of deforma-
tion heat is a major objective of this dissertation, the
only deformations considered in this section will be iso-
thermal ones. Adiabatic deformations result only in a
change of temperature and involve no flow of heat. Isother-
mal deformations are also much easier to carry out experi-
mentally. The stress-strain relation for a Hookean elastic
solid deformed in one dimension is given by:
°
= E£ (2.11)
where o is the stress, t is the small strain and E is the
Young's modulus. Integration of (2.11) yields an expression
for the work of deformation per unit volume, assuming t is
small
:
This is simply the area under the stress-strain curve.
The expression for the heat as a function of stress and
strain is slightly more difficult to obtain. Beginning with
the relation for Gibb ' s free energy where P is the hydro-
static pressure:
G = U + PV - TS (2.13)
and differentiating one obtai
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dG = dU + PdV + VdP - TdS - SdT (2.14)
The expressions for the heat and work for an infinitesimal,
thermodynamically reversible uniaxial elongation may be
written:
dw = fdi - Pdv (2>15)
dQ TdS (2.16)
where f is the force of extension. Combining (2.15) and
(2.16) with the first law of thermodynamics and substituting
into (2.14) for dU, one obtains:
dG =
-SdT + fdl + VdP (2.17)
At constant pressure:
(6S/52) = -(5£/5T) (2.18)TP lp
The total derivative for the entropy, S, may be written:
dS = (5S/5T) dT + (5S/51) dl + (5S/5P) dP (2.19)If P T TV
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For an isothermal, isobari c process:
<*S = (5S/5I) dl =
-<6f/5T> dl
T
,
p
i ?
(2.20)
Substituting this result into (2.16) results in:
dQ =
-T(5f/5T) dl (2.21)
Now if one assumes the Young's modulus is temperature
independent, i.e. the temperature dependence of the force is
given solely by the temperature dependence of the initial
length of the body, the following expressions may be writ-
ten:
(5f/dT)
= (5f/dl) (5I/5T) (2.22)
1
,
P TP f P
1 = I(T-O) [1 + ocoT] (2.23)
where oc0 is the linear thermal expansion coefficient of the
undeformed body.
Differentiating (2.23) and substituting into (2.22) yields:
(5f/5T) = (a0 /[l + ocoT] ) lo (5f/5I) (2.24)
'* if
Substituting (2.24) into (2.21) one obtains:
dQ = -CaoT/(l + aoT)]J0 (5//5I) dl ( 2 .25)
1 p
Now if the Hookean constitutive relation is used to
determine the dependence of force on length and the result
is substituted into (2.25), one obtains:
dQ = -[ocoT/(l + aoT)]Idf (2.26)
For the special case of a0 T<<l, the first term of a series
expansion yields:
dQ = -aoTIodf (2.27)
If the result for the heat of deformation is combined with
the expression for the work of deformation, one may write an
approximate expression from the first law for the internal
energy change of deformation per unit volume for a re-
versible deformation of a material obeying a Hookean consti-
tutive relation:
dU = tfE£ 2 + otoToEe (2.28)
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The following general relation may be similarly derived
(e.g. see Sneddon (27)) for the internal energy change per
unit volume of an elastic body under a multiaxial state of
stress
dU = + a T E£ /f2(l-2p)I (2.29)
* J 1 J 0 0 11
where p denotes Poisson's ratio.
There are a number of important conclusions which may
be drawn from the results of this derivation. It has been
shown that even for a body obeying this very simple consti-
tutive relation, the heat flow for an isothermal deformation
contributes appreciably to the internal energy state of the
body. Thus, it is not sufficient to merely calculate the
elastic work in determining the final thermodynamic state of
a deformed body.
It may also be observed that for a material with a pos-
itive thermal expansion coefficient, heat will flow away
from the sample during uniaxial extension and into the sam-
ple for uniaxial compression. The internal energy is a
quadratic function of strain which is not axi-symmetric
about the strain axis. Therefore, in addition to zero
strain, there is a compressive strain (for a>0) for which
the internal energy change of deformation is zero.
The determination of the internal energy change for
this example was quite tedious in spite of the simplicity of
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the constitutive relation. indeed, determination of spe-
cific values for the heat and work would have been impossi-
ble if the deformation were irreversible since the second
law of thermodynamics,
dQr a v = TdS (2.30)
was used. Some additional idealized deformations will now
be described in a more qualitative sense. Since two of
these deformations are irreversible, it is not possible to
develop an analytical expression describing the work and
heat as a function of deformation for these two examples us-
ing the mathematics of reversible thermodynamics.
There are three common isothermal deformations for
which the change in internal energy is zero in addition to
ideal gas deformations. These are: deformation of a Newto-
nian fluid, ideal plastic deformation, and deformation of an
ideal elastomer. The Newtonian fluid does not change state
during deformation, the thermodynamic state at any time is
exactly the same as the initial one provided the deformation
occurs isothermally. Since the change in internal energy is
zero, Q = -w. Stated another way, all of the work of defor-
mation is dissipated as heat. This was the original concept
exploited by Joule in his braking calorimeter, which mea-
sured the change in temperature of a Newtonian fluid (water)
resulting from applied work (stirring)
.
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The stress-strain behavior for the uniaxial deformation
of an ideal elastic-plastic material is shown schematically
in Figure 2.2. The ideal elastic-plastic material is one
which exhibits Hookean reversible elastic behavior prior to
the yield point and ideal plasticity subsequent to yielding.
Ideal elasticity takes place for the material represented in
Figure 2.2 from the origin through point A and continuing to
point B. Ideal plasticity occurs from point B to point C.
Unloading at point C or anywhere from B to C, results in re-
versible elastic behavior from points C to D. Ideal plas-
ticity is defined as no tendency to strain harden or in any
way change state during deformation. For an ideally plastic
material, if one begins and ends a deformation at the same
load, there is no change in internal energy for the deforma-
tion. This is true since the heat and work of elastic load-
ing and unloading are equal but opposite is sign, hence are
algebraically zero for the cycle. None of the work or heat
for the plastic portion of the curve will be recovered upon
unloading. All of the work required for a shape change is
dissipated as heat much the same as for the Newtonian fluid.
A list of heat to work ratios for plastic deformations of
various metals is given in Table 2.1. A number of common
metals, particularly lead and nickel approach ideal plastic
behavior very closely.
The deformation of an ideal elastomer is a very dif-
ferent phenomenon, although the thermodynamic result is the
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Strain
Figure 2.2. Schematic representation of the stress-strain
behavior for an ideally elastic-plastic material during uni-
axial deformation.
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St°red 6nergy
° f plastic deformation for various
W (Cal/a- a t,nm >
Copper 900
Lead 100
Nickel 1000
Silver 250
Iron 500
Aluminum 300
%
92
98
98
96
95
95
Source: The Stored Energy of Cold Work
, Pergammon Press
Ltd. (1973).
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same as for the previous two cases. For an ideal elastomer,
the internal energy is a function of temperature only and
not a function of length. This dependence of internal en-
ergy solely on temperature is due to the entropic nature of
the retractive force when an ideal elastomer is deformed
from its original length. It is for a very similar reason
that the internal energy of an ideal gas depends solely on
temperature and is independent of the volume or pressure.
Thus, for the deformation of an ideal elastomer, Q = -w and
the change in internal energy is zero. From a thermodynamic
viewpoint, it is not easy to distinguish between ideal plas-
ticity and ideal elastomer behavior. However, the deforma-
tion is irreversible in the first case while the deformation
of an ideal elastomer is a reversible one. One can then
make use of the second law of thermodynamics for the elas-
tomer to determine its change in entropy with deformation.
One other independent means of evaluating entropy would ver-
ify ideal elastomer behavior. An excellent discussion of
the thermodynamics of rubber elasticity may be found in
Treloar (28)
.
A phenomenon which is commonly observed in the deforma-
tion of real elastomers to large (I/Jo>4) extension ratios
is stress induced crystallization. The heat evolved during
stress induced crystallization is generally of a much
greater magnitude than the applied work. Thus, considering
only the loading portion of the entire loading-unloading
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curve, the internal energy for deformation commonly de-
creases. This result is qualitatively consistent with the
internal energy changes observed for other condensed phases
during crystallization. The change in internal energy for a
complete loading-unloading cycle is zero assuming the final
state of the elastomer is unchanged due to its mechanical
history. If the physical and chemical crosslinks remain in-
tact, no molecular damage is done, and the crystallization
is reversible with stress, no change in state occurs.
Therefore, in the case of deformation with a reversible
phase change, there is no change in internal energy for a
complete loading-unloading cycle.
2.4 Calibration Experiments
A number of different calibration experiments have been
performed using the deformation calorimeter. The purpose of
these experiments was to demonstrate that the calorimeter
yields accurate and precise values for the heat which is
calculated from the measured differential pressure versus
time data. The experimental methods for the different cali-
brations will be described and significant results presented
for each one.
2.4.1 Electrical Calibrations
The simplest, most straightforward and extensive cali-
brations performed in the deformation calorimeter were elec-
trical. These calibrations have the advantage of the input
heat being easily and accurately controlled. Two major dis-
advantages of electrical calibrations are that they are all
exothermic and no calibration for the work is accomplished.
Subsequent calibrations described in the following two sec-
tions were done in order to address these problems and make
a complete check on the operation of the calorimeter.
Electrical calibrations were executed at atmospheric
pressure and various temperatures by placing numerous resis-
tive elements in the sample chamber of the deformation
calorimeter. The majority of these elements were fabricated
from 0.25 mm diameter Nichrome wire which had a resistance
of 22.4 ohm/meter. The elements were formed into both
straight resistors and coils of various lengths. A printed
circuit consisting of a silver conductor on a polyimide sub-
strate and having a resistance of 100 ohms and dimensions of
10 mm X 20 mm was also employed. The resistors were placed
at various heights inside the sample chamber along the
cylinder center axis. An adjustable voltage regulated DC
power supply with timing circuits was used to produce square
wave DC current pulses of 20, 40, 60 and 80 second
durations. The instantaneous heating rate, dQ/dt=Qt, was
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calculated as Q,-I. R
, where t w„ ^ ^ ^
was the resistance of the heatin0 element. The total heat
was calculated as:
Q = Q«dt = I r t
where t was the duration of the heat pulse. The current was
measured using a digital multimeter in series with the re-
sistor while resistance of the heating element was deter-
mined using a four probe conductivity meter.
The calibration constant, C, in equation (2.7) was
found by measuring the area under the pressure-time curve
and plotting this area versus the known input heat pulse.
As t-»~, P(t)-»0 and equation (2.7) becomes:
Qt o t a 1 = C P(t)dt (2.31)
Equation (2.31) is valid for any continuous kernal function,
K(t), and is not restricted to the exponential kernal func-
tion described by equation (2.4) .
The calorimeter differential pressure response versus
time is shown in Figure 2.3 for electrically input heat
pulses of 120 mJ (lmJ=10"3 Joules) and 10 mJ respectively.
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Figures 2.4 and 2.5 are plots of the measured areas under
the differential pressure-time curve versus input electrical
heat for two separate experiments performed at room tempera-
ture and for calibration experiments executed at other tem-
peratures, respectively. All of the calibration experiments
were carried out using air at ambient conditions as the
calorimeter gas. The two different runs in Figure 2.4 were
made with different resistive heating elements on different
days. It is apparent from Figure 2.4 that the measured dif-
ferential pressure-time area was independent of ambient con-
ditions or the heating element used. The calibration con-
stant was calculated from the data using a normalized linear
regression routine which forced the line through the origin
since zero input heat corresponds exactly to no area. Vir-
tually no difference in calibration constant was found for a
variety of resistor elements, geometric placement in the
sample chamber, or ambient conditions. The error in the
calibration constant was approximately 5%.
An alternative method for calculating the calibration
constant from electrically input heat also exists. The al-
ternate method consists of applying a known heat rate, Q t ,
and measuring the differential pressure response as c-»<».
For this case, (dP/dfc)-»0 in equation (2.8). Equation (2.8)
then becomes:
C = Qt/P(-) (2.32)
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Heat (mJoules)
Figure 2.4. Calibration curve for the deformation
calorimeter at 25° C
.
Figure 2.5. Calibration curves for the deformation
calorimeter at various temperatures.
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Thus, a plot of the measured steady state pressure response,
P(-), versus an input heat rate, Qt , ia constructed. The
slope of this linear plot yields a value for C. The value
for the calibration constant calculated in this manner
agreed very closely with the value obtained by the previ-
ously described method.
Calculation of the relaxation time, t, in equation
(2.7) was slightly more difficult. I„ order to do this, one
begins by taking the LaPlace transform of (2.1):
P = K Q (Q« a dQ/dt) (2.33)
Taking the limit of (2.33) as the LaPlace parameter
approaches zero, one obtains:
P( t)dt = K( t)dt Qt ( t)dt (2.34)
where P(t) is the differential pressure, Kit) is the kernel
function, and Qt ( t) is the heating rate. Taking the limit
- of equation (2.33) yields
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K(t)dt = [1/Q(~)] P( t)dt (2.35)
which is an expression for the integral of the kernel
function in terms of the total heat and pressure-time inte-
gral. If (2.33) is differentiated, the result is:
P* = K'Qt + K Q (2. 36)
Taking the limit again as s-*0, one obtains:
tP ( t)d t = -Q(-) tK( t)dt - K( t)dt tQt(t)dt (2.37)
The first integral of the last term in (2.37) has already
been evaluated in terms of quantities that can be experimen
tally determined. The second integral in the last term can
also be expressed easily in terms of measured quantities.
Since Q t (t) is a constant for these experiments, it can be
brought outside the integral. Evaluation i
pie:
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s then very sim-
tQt ( t)dt = Qto to /2 (2.38)
Substituting (2.38) and (2.35) into (2.37 one obtains:
tK( t)d t = 1/Q(~) tP(t)dt - Qto/2[to/Q(«)] P(t)dt (2.39)
The mean relaxation time, t, is defined as:
tK( t)dt
T =
K( t)dt
(2.40)
and for an exponential kernal function with relaxation time
t, t=t. Since expressions for both the numerator and
denominator of (2.40) have been developed in terms of exper
imental parameters, a value for the average relaxation time
could be measured. This was done by applying a known heat
pulse, Q t , of explicit duration so that Qt.tai was also
47
easily determined. The necessary integrals were evaluated
numerically using programs in the Apple computer. A value
for average relaxation time of 12 seconds was found using
this method. This value agrees closely with the number
found by Lyon (2) for a nearly identical version of this in-
strument. Lyon found his value for average relaxation time
by curve fitting the differential pressure response using an
exponential function with a best fit value for t
2.4.2 Calibrations With Natural Rubber
The deformation of a natural rubber strip inside the
calorimeter sample chamber was used also as a calibration.
The rubber strip was 2 mm wide and 0 . 5 mm in thickness. The
initial undeformed length was approximately 13 mm. The rub-
ber was tested in the form of a loop which was secured at
the ends with a knot coated by cyanoacrylate adhesive. The
extension rate was 13.6 mm/min. Figure 2.6 contains the
original pressure-time and force-time data for a natural
rubber extension and retraction. From A to B the sample was
extended, followed by stress relaxation from B to C and re-
traction from C to D. The pressure exhibited positive devi-
ation from baseline for extension and negative deviation
from baseline for retraction corresponding to heat given off
and absorbed respectively. At a time of approximately 4
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Time (minutes)
Figure 2.6. Force versus time and pressure versus time data
for extension and retraction of a natural rubber sample de-
formed in the deformation calorimeter.
minutes, an extremely rapid increase in the differential
pressure too* place which corresponds to the region of de-
formation induced crystallization. Evidence for strain in-
duced crystallization may be seen more clearly in Figure 2.7
which shows the thermodynamic quantities, work, heat and in-
ternal energy change plotted versus extension ratio for ex-
tension. Crystallization began at an extension ratio of ap-
proximately 6 for this strain rate as evidenced by the pre-
cipitous decrease in the internal energy change. The change
in internal energy was nearly zero for the lower extension
ratios or the heat dissipated was nearly equal to the work.
The change in internal energy for the cycle was approxi-
mately zero when the change in internal energy upon unload-
ing was added algebraically with the internal energy change
obtained for loading. These results are consistent with
those of others who performed deformation calorimetric ex-
periments on natural rubber (2,22,29).
2.4.3 Coefficient of Thermal Expansion Calibrations
Pre-yielding deformations were carried out in the
calorimeter as an additional calibration. Thermal expansion
coefficients were determined from these small strain experi-
ments for a variety of materials. Equation (2.27) was used
for this set of calculations. The results of these
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Extension Ratio (l/l 0 )
Figure
versus
sample
2.7. Heat, work and internal energy change plotted
extension ratio for extension of a natural rubber
deformed in the deformation calorimeter
.
Material Q (mJ)
uaxcuiatea
a (X10» /»r.)
Literature
a (X10 3 /°ci
Aluminum Foil 5.1 1.9 1.9-2.4
Copper 13.5 1.9 1.7
Steel 12.8 0.7 1.0
Invar*
0.1
LLDPE 12 10.4 10-22
HDPE 84 6.6 7.2
UHMWPE 98 7.2 7.2
Polycarbonate 9.4 4.2 3 . q
* Unable to measure any heat for a force of 80 Newtons on aloo mm long wire deformed at 0.03 min- 1 ,
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experiments are found in Table 2.2. The value for Q in
equation (2.27) was measured using the deformation calorime-
ter, Jo and To were measured, and f was taken from the load
cell. Close agreements with literature values were found
for all the materials tested. it should be noted that par-
ticularly for the metals, the values of measured heat were
very small. This led to a large relative error for these
measurements and slightly more error in determining the
thermal expansion coefficient. Also equation (2.27) is re-
ally an approximate result and the strains used may not have
been sufficiently small enough to justify the reversibility
assumption required for the derivation of equation (2.27).
2
. 5 Conclusions
The technique of deformation calorimetry is a necessary
analytical tool to fully understand the deformation of poly-
meric materials. A deformation calorimeter has been de-
scribed which accurately measures the heat and work of de-
formation in the milli-Joule (10~ 3 Joules) range. The re-
sults from three independent calibration methods demonstrate
the validity of this technique. Post-yielding polymer de-
formations are often referred to as pi? tic, a work which
comes from the Greek word plastikos
,
meaning "easily formed
or shaped". The nomenclature of plastic deformation for
53
polymers appears to be superficially correct, but true plas-
ticity, as the term has traditionally been applied, has im-
plications in addition to ease of shaping and forming. A
primary one is that no thermodynamic change of state or
change in internal energy may occur during true plastic de-
formation. The technique of deformation calorimetry applied
to polymer post yielding deformations is perhaps the only
experimental test for true plasticity in polymeric materi-
als
.
CHAPTER 3
POLYETHYLENE DEFORMATION THERMODYNAMICS
3.1 Introduction
Polyethylene is certainly one of the most thoroughly
studied polymers in the field of polymer science. Both the
morphology and bulk mechanical and physical properties of
the polymer have been carefully studied. Polyethylene has
been the object of an extensive research effort in industry
and academia for a number of reasons. As the semicrys-
talline polymer containing the chemically simplest repeat
unit, it is often viewed as a model system. It has been of
tremendous economic importance, both as a commodity and as a
high performance material, though its use temperature range
in this application is limited. The variety of polyethy-
lenes available with variations in such parameters as:
molecular weight and molecular weight distribution, and
molecular architecture including factors such as degree of
branching and structure of endgroups has also contributed to
scientific interest in this material. In addition, the
crystallinity and crystal structure may be controlled by
processing variables including thermal history, pressure,
stress, and presence of a solvent or diluent.
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Polyethylene was chosen for this study primarily be-
cause of the availability of well characterized samples and
the wealth of information in the literature. Extensive
studies on the thermodynamics of polyethylene post-yielding
deformation had not been accomplished prior to this investi-
gation. The results of global thermodynamic measurements
during deformation had never been compared with the thermo-
dynamic information obtained from thermal analysis such as
differential scanning calorimetry (DSC)
. The primary goal
of this study was to examine the thermodynamics of polyethy-
lene room temperature uniaxial deformation from principally
a macroscopic total energy point of view.
Considering the wealth of information available on
polyethylenes and the apparent simplicity of the macro-
molecule, one might expect that the deformation behavior for
polyethylene is simple and well understood. Polyethylene is
a very insidious system, the morphology of which is quite
complex even in the absence of deformation. The variations
of morphology are in part due to the variety of polyethy-
lenes and the huge number of processing conditions under
which the solid polymer may be formed. In spite of a
tremendous research effort, the deformation behavior of
polyethylene is not very well understood and there exist
some active controversies about polyethylene post-yielding
deformation. While it is not the goal of this section to
present extensive morphological interpretations or a
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comprehensive review on polyethylene, some morphological
background is helpful in understanding and interpreting the
experimental results presented later in this chapter. For a
more thorough discussion of polyethylene deformation, the
reader is referred to a dissertation by Gedde (30) while a
recent dissertation by Lo (31) contains an extensive bibli-
ography of highly oriented polyethylene morphology. Disser-
tations by Adams (32) and Brady (33) include extensive elec-
tron microscopic data for the deformation of polyethylene as
well as numerous references.
3.1.1 Polyethylene Morphology
Polyethylene which has been cooled from a homogeneous
melt forms a spherulitic microstructure
. The structure and
molecular arrangement of the macromolecules in the spher-
ulites have been known for a long time having been described
by Keller (34) and Keith and Padden (35,36). The three di-
mensional spherulitic structure forms as the polymer crys-
tals, which are growing radially outward from various nuc-
lei, impinge on one another. The spherulites are composed
of plate-like crystals, or lamellae, having a folded chain
structure. The unit cell for polyethylene formed this way
is orthorhombic with the b axis parallel to the radii of the
spherulites, and the c axis (chain direction) and the a axis
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perpendicular to the radius. A considerate fraction of the
solid polymer may be amorphous depending on the crystalliza-
tion conditions and molecular structure. Exactly how the
polymer chains fold to form the lamellae and precisely what
is the morphology of the amorphous regions are still being
actively investigated.
Spherulitic polyethylene formed from the melt is often
considered to be at least a two phase system, consisting of
lamellar crystals in intimate contact with an amorphous mat-
rix. The amorphous material is contained in interlamellar
regions within the spherulites and in interspherulitic re-
gions. Therefore, it is possible for one polymer chain to
be part of adjacent spherulites. A single polymer chain may
also be part of different lamellar crystals as well as be
Part of an amorphous region (37). Thus, the amorphous por-
tions of the macromolecular chains may be found as large
loops, chain ends, and interlamellar or interspherulitic tie
molecules. Polyethylene may be thought of as a microcompos-
ite, with a high modulus filler (lamellar crystals) dis-
persed in a lower modulus matrix (amorphous region). The
strength of polyethylene is generally believed to arise from
the close packing of polymer chains in the crystals, chain
entanglements, and tie molecules. A number of people have
used a continuum mechanics approach considering polyethylene
to be a micro-composite in calculating bulk mechanical prop-
erties (38-41)
.
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The thermodynamic state of the solid polymer is deter-
mined by the temperature, stress, and morphology. it is
perative when considering the thermodynamic state of the
drawn polyethylene to be aware of the morphology of the
original undrawn polymer. There are so many results in the
literature for various molecular structures and different
morphologies, it is tempting but often misleading, to com-
pare thermodynamic results obtained from different experi-
ments. Thus, one must be aware of the types of morphologies
which are commonly formed and studied for polyethylene.
A number of other structures are common for polyethy-
lene in addition to the isotropic spherulitic form. Single
crystals of polyethylene have been formed by slow crystal-
lization from quiescent dilute solutions (42,43). These
crystals, though generally extremely minute, have provided
much of the structural information about polyethylene crys-
tals and deformation through observation with electron dif-
fraction, X-ray scattering and microscopy. Rapid crys-
tallization from a flowing solution produces a different
morphology, the well known shish kebab structure (44)
, which
consists of a central backbone with lamellar overgrowths.
The usual industrial processes of gel fiber spinning
(45-47), melt drawing (48,49), extrusion, and blow molding,
all produce diverse morphologies with different thermody-
namic states. A major goal of much of the recent work which
has focused on polyethylene orientation has been to produce
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the fully extended for, of the polymer. The strength and
modulus of chain extended polyethylene is not lifted by the
crystal Van der Waal's forces, tie molecules and entangle-
ments, but the mechanical properties are primarily limited
by the strength of a C-C bond and crystal defects. Chain
extended polyethylene has been produced by crystallization
of the melt at extremely high pressures (>350 MPa) and high
temperatures (50). This morphology has been studied exten-
sively by a number of different research groups (51-54).
Solid state extrusion is another method of producing
polyethylene having a high degree of orientation and there-
fore dramatically improved mechanical properties in the draw
direction. The technique of solid state extrusion using an
Instron capillary rheometer was conceived by Porter (55,56).
The solid state extrusion is accomplished by forcing the
solid polymer to flow very slowly through a conical die un-
der high pressure at a temperature less than the melt tem-
perature. Porter and his research group have examined in
detail the influence of such factors as molecular weight
(57) and annealing (58) on the morphology of ultradrawn
polyethylene (59,60). A complete review of this method ap-
plied to polyethylene and other thermoplastics is presented
by Zachariades and Porter (61). Some of the DSC results for
drawn samples prepared this way will be cautiously compared
and contrasted with results for room temperature freely
drawn samples
.
though the caveats about norphology and ther-
modynamic state apply.
3.1.2 Polyethylene Deformation
A myriad of models exist to describe the deformation
behavior of polyethylene. One of the most commonly accepted
models is Peterlin's early model (62,63). This model is ap-
plicable to the transformation of isotropic spherulitic
polyethylene into an oriented fibrillar structure at temper-
atures much less than the melt temperature. At small defor-
mations (<!%) the polyethylene crystals deform reversibly.
Peterlin divides the drawing behavior into three stages, all
of which may be occurring simultaneously in the necked re-
gion of the polymer. The first step is tilting of the c-
axis towards the draw direction prior to neck formation.
During this initial step, the main features of the morphol-
ogy (i.e. spherulites, lamellar stacks) are preserved. Fol-
lowing this first step is the discontinuous transformation
from a spherulitic to fibrillar structure. This occurs by
breaking off blocks of folded chains from the lamellae and
forming microfibrils composed of these blocks connected by
tie molecules and non-crystalline material. The final stage
of deformation is the plastic deformation of the entire
structure after the neck has formed. This is proposed to
happen by sliding microfibrils past one another, increasing
the lengths of the tie molecules by unfolding the chain sec-
tions in which they were anchored. Most models for the
Plastic deformation of polyolefins are similar to Peterlin's
model. Peterlin's model is supported by a number of experi-
mental observations, among the most convincing are the elec-
tron microscopic results of Tarin and Thomas (64,65) and re-
cent observations by Adams (32) and Brady (33). A review by
Bowden and Young (66) discusses in detail the various mecha-
nisms by which semi-crystalline polymers deform.
A deformation model proposed by Juska and Harrison
(67,68) is considerably different from Peterlin's model.
Their model of deformation is that necking occurs by a
stress activated phase transition to the melt. The drawing
progresses in the melt phase with recrystallization tran-
spiring at the draw temperature. This model also is sup-
ported by many experimental observations. It is particu-
larly difficult using Peterlin's model to explain the exper-
imental observation that at a single draw temperature, the
final lamellar thicknesses after draw are independent of
initial lamellar dimensions. While the global thermodynamic
measurements made in this chapter will not provide an obvi-
ous way to determine the most appropriate deformation model,
discussion of the results in terms of these models is help-
ful.
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3.1.3 Thermomechanics
an
a
The concepts of thermomechanics, in particular the re-
lationship of force or strain to temperature, have been very
useful in understanding polymer behavior. The approach to
the thermomechanical behavior presented will primarily be a
phenomenological one based on experimental observations. it
is of interest to determine if the stress versus temperature
behavior of the polyethylene samples is related to,
be explained in terms of, the deformation calorimetric dat
Calculations similar to those typically made for natural
rubber are not possible for these systems since the stress-
temperature behavior of drawn polyethylene is thermodynami-
cally irreversible. Often, a change of temperature in this
case will lead to a change in thermodynamic state which is
not thermoreversible. Returning to the original temperature
may not restore the initial thermodynamic state. The exper-
imental results will be examined in terms of an overall
first law energy balance and some of the engineering impli-
cations of these results. In addition, the experimental re-
sults will be viewed in terms of the morphological and mole-
cular ideas of deformation.
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3.2 experimental
3.2.1 Sample Description and Preparation
The polyethylene samples studied were formed from com-
mercial pellets by melt pressing between poly ( tetraf luoro-
ethylene) sheets at a temperature of 180° c for 10 minutes
with the exception of the ultra-high molecular weight poly-
ethylene. The ultra-high molecular weight samples were
formed from commercial powder by pressing at 220° C for 20
minutes. These two methods resulted in uniform polymer
films which varied in thickness from 0.10 mm to 0.50 mm.
A variety of polyethylenes were examined. These were
DuPont Alathon* 20 low density polyethylene (LDPE) with
Mn = 3.2X10", CdF Chimie FW 1290 linear low density
polyethylene (LLDPE) with 57 = 3.6X10*, Phillips Marlex*
50100 high density polyethylene (HDPE) with 57 = 3.2X10 4
and Mw = 1.98X10°
,
Phillips MarlexR 5003 HDPE with
Mn = 1.9X10 4 and Mw = 1.77X10 3
, and Hercules Hifax" 1900
ultra high molecular weight polyethylene (UHMWPE) with
Mn = 2X10 6
. The LDPE and LLDPE sheets were annealed for 24
hours at 90° C to minimize sample to sample variations due t
residual stresses or different thermal histories. The HDPE
films were annealed 24 hours at 110° C.
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3.2.2 Deformation Calorimetry
The polyethylene uniaxial extension experiments were
performed on small dumb-bell shaped samples having a width
in the narrow region of 3.2 mm and a straight section length
of 25 mm according to ASTM test D638. The samples were
stamped from thin films using a sharp steel die. The ten-
sile specimens were fastened to the pull wire at one end and
the calorimeter base at the other, using tiny wire clips.
These clips passed through a hole in stainless steel tabs
attached to each end of a sample. 0-80 nylon nuts and fas-
teners were used to hold the tabs to the sample ends . The
fastener passed through a hole which had been punched in the
sample. The sample was compressed between the steel tab and
a tiny nylon washer. A photograph of a typical polyethylene
sample prior and subsequent to deformation is shown in
Figure 3.1. None of the samples were observed to rip or
crack at the point of fastening, indicating that the force
of deformation was effectively transferred to the sample.
Clamping was done at a minimum distance of 5.0 mm from the
narrow region of the sample so that stress concentrations at
the clamps would not affect the deformations. Nylon was
used as much as possible for clamping to reduce the heat ca-
pacity of the system and enhance the rapid thermal response.
Samples were placed in the calorimeter sample cell at
least one hour before commencing a deformation to insure
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Figure 3.1. Photograph of a typical polyethylene sample
used for the deformation calorimetric experiments shown be-
fore and after uniaxially drawing.
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thermal equilibrium and enhance the stability of the differ-
ential pressure baseline. The initial sample dimensions,
used for calculation of the engineering stress-strain
curves, were measured using a hand held micrometer. The
initial grip separation was determined with a vernier cali-
per and was taken as the distance between the center of the
nylon fasteners. The calorimetric experiments were perfor-
med using ambient air as the working gas since no variations
in the heat calibrations were observed for various ambient
(humidity and barometric) variations.
3.2.3 Differential Scanning Calorimetry
3.2.3.1 Conventional
The thermal analysis measurements were performed using
a Perkin-Elmer DSC-II differential scanning calorimeter at a
heating rate of 20<>c/min. Although this rapid heating rate
did not provide values for the equilibrium melting tempera-
ture, it did aid in examining more samples and helped to
avoid crystallization during scanning. The rapid heating
did not affect the total enthalpy which was the main parame-
ter of interest. Samples of the necked polyethylene were
placed in conventional aluminum pans and allowed to contract
during heating. The scans were initiated well below room
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temperature so that a stable baseline was achieved by 20o C .
Calibrations for transition temperature and melting enthalpy
were done using indium and tin. The sample size was approx-
imately 10 mg for all scans.
3.2.3.2 Restrained
DSC measurements were also made on necked samples which
were constrained during the scan. The necked samples were
approximately 1 mm wide, 0 . 1 mm thick, and 30 mm long. Fig-
ure 3.2 is a schematic diagram of the brass spool used for
these experiments. The thin drawn polymer strips were held
at one end by a spring steel retaining ring which fit into a
groove in the brass spool. After carefully winding a strip
flat and taut around the spool, the free end was secured
with the remaining retaining ring. The spools were then
placed in stainless steel pans to avoid contaminating the
DSC oven during melting. An empty spool with steel pan and
retaining rings was used in the reference side of the DSC
oven. Scanning with two empty spools resulted in a repro-
ducible, flat baseline. The scan rate used was 20° C/min and
the sample size was approximately 10 mg. Calibrations were
executed by placing the indium or tin on the brass spool in
the oven and proceeding in the usual manner.
Figure 3.2. Schematic diagram of the brass spool and snap
rings used for restrained DSC experiments.
3.2.4 Stress-Temperature Experiments
The stress versus temperature measurements were made
using the apparatus represented schematically in Figure 3.3.
The apparatus consists of a frame, load cell, cylindrical
pyrex oven wrapped with Nichrome resistance heating wire,
thermocouple with temperature readout, and Bascom-Turner
digital recorder. Heating was accomplished by increasing
the voltage to the 1000 watt Nichrome wire wrapped oven with
a variac. The apparatus and sample were cooled using a nit-
rogen flow through the oven of 10 cc/min with little or no
voltage applied to the oven. The ends of the oven were well
insulated with glass wool to avoid thermal gradients. The
sample was securely fastened at each end using steel clamps
which were attached to threaded rod. The threaded rod was
bolted to the load cell at the bottom, and held by an ad-
justable nut at the top. This allowed for adjustment of the
initial stress (or length) of the sample. Data from the
load cell amplifier and temperature readout were collected
on two separate channels at a frequency of 1 hertz. The
analog data was digitized and stored on floppy disks. The
heating rate used for these experiments was approximately
3° C/min.
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Figure 3.3. Schematic diagram of the stress-temperature ap-
paratus. A) Stretching Rod, B) Sample Grips, C) Load Frame,
D) Sample, E) RTD Temperature Probe, F) RTD Temperature Am-'
plifier, G) Load Cell, H) Load Cell Amplifier, I) Variable
Resistor, J) Bascom-Turner X-Y Microprocessor.
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3.3 Results and Discussion
3.3.1 Deformat ion Calorimetry
The deformation calorimetric behavior of the various
polyethylenes during uniaxial extension was examined with a
number of specific goals in mind. A major goal was to de-
termine the deviation of the post-yielding behavior from
ideal plasticity in the thermodynamic sense, Q=-w. Upon
completion of a loading-unloading cycle, the internal energy
change was calculated from the first law and expressed in a
per mass basis. The implications of the internal energy
changes for oriented or deformed polyethylenes used in engi-
neering applications are an important aspect of these re-
sults .
It was also important to determine if the deformation
calorimetric behavior was indicative of the processes which
were taking place during deformation. A variety of poly-
ethylenes which began with similar initial morphologies were
deformed in the calorimeter for this reason. These poly-
ethylenes varied widely in molecular weight distribution,
molecular weight, degree of branching, and crys tallinity
.
Determination of the structural parameters which most
strongly influenced the deformation behavior was a major
goal. It was anticipated that this experimental approach
would provide a more lucid insight into the defection pro-
cess
.
up
A typical set of unprocessed deformation calorimetric
data for Marled 50100 HDPE is shown in Figure 3.4. The
per curve represents the differential pressure versus time
response while the lower curve is indicative of the force
versus time behavior. The sample was deformed to its natu-
ral draw ratio at an initial strain rate of 0.18 min- at
25o c in the calorimeter> The sampie ^
nearly ideally plastic stress-strain behavior, though addi-
tional thermodynamic calculations will demonstrate that the
deformation behavior of this sample deviates significantly
from thermodynamically ideal plasticity. The resemblance to
ideally elastic-plastic stress-strain behavior is a slight
post yield stress drop followed by drawing at constant
force
The pressure versus time data in Figure 3.4 exhibits a
number of interesting features. The initial differential
pressure decrease corresponds to a sample cooling which re-
sults from the initial elastic deformation. Once yielding
and necking take place, the differential pressure increases
to a positive value which is approximately constant, corre-
sponding to a uniform rate of heat production. The deforma-
tion was terminated at approximately 32 minutes and the sam-
ple was allowed to stress relax. Stress relaxation did not
result in a large flow of heat for this sample, therefore
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Figure 3.4. Force versus time and differential pressure
versus time for Marlex 50100 HDPE.
the differential pressure rapidly returned to its baseline
zero value.
The thermodynamic quantities heat, work and internal
energy change calculated from the data in Figure 3.4 are
Presented in Figure 3.5. The x axis in Figure 3.5. the ex-
tension ratio, was determined by dividing the grip separa-
tion at any time by the initial grip separation. This
method of measuring extension ratio does not yield a true
sample extension ratio since the deformation in this case,
end for all materials which yield and neck, is non-uniform.
The sample actually exists in at least two states of strain
small strain which may be reversible outside the necked re-
gion and irreversible large strain (this is the natural dra,
ratio) in the necked region. The x axis in Figure 3.5 is
merely a convenient way to represent the data. Once the ma
terial has yielded (extension ratio = 1.07), the mass of ma
terial which has been drawn increases with increasing time
or in the case of Figure 3.5, increasing extension ratio.
The mass used to express the data in Figure 3 . 5 on a per
gram basis was the final mass of the total necked region
formed. The thermodynamic data in Figure 3.5 clearly indi-
cate that this deformation was not an ideal plastic one but
deviated significantly from thermodynamically ideal plastic
behavior, g=-w. Nearly 40 Joule/gram of energy was stored
as an internal energy change for this particular sample in
the entire necked region. The small initial sample cooling
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Extension Ratio (l/l Q )
Figure 3.5. Thermodynamic quantities heat (Q) , work (W) andinternal energy change (dU) plotted versus extension ratiofor a Marlex 50100 HDPE sample drawn in the calorimeter at a
rate of 0.18 min~ 1 and 25° C.
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(Q>0) may also be observed at the small extension ratios
(I/I. <1. 07); this small strain region data was used for cal-
culation of the thermal expansion coefficient in Chapter 2.
An alternative method for representing the thermody-
namic results during the yielding and necking of polyethy-
lene is given in Figures 3.6 and 3.7. These figures contain
the results for Marlex" HDPE and FW 1290 LLDPE respectively.
The x axis was determined exactly the same way as in Figure
3.5 but the thermodynamic quantities plotted on the y axis
were calculated differently. The original data was pro-
cessed the same way until the heat, work and internal energy
change per gram were calculated. An attempt was made to
correct these values for a mass which was not constant. A
line was constructed which had as its final value the total
mass of the necked region. The initial value of the line at
I/Io=1.0 was a very small finite value. The numerical val-
ues for the heat, work and internal energy curves were di-
vided by this line. The line was constructed in order to
represent the growth of the necked region as the experiment
progressed. This method of graphically representing the
data is a more realistic picture of the time dependence for
the events taking place in the necked region since almost
all of the thermodynamic values expressed per gram should be
correct, not just the endpoint of the graph. The thermody-
namic quantities expressed this way are not meaningful at
small extension ratios (I/Io<1.10) since the mass function
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Figure 3 6. Thermodynamic quantities plotted versus exten-sion ratio for Marlex HDPE (corrected for mass or thedecked
S^rmin'f^nd
1
^'^ calorimeter at a ra^oT^
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K L/L.
Figure 3.7. Thermodynamic quantities plotted versus ext
sion ratio for FW 1290 LLDPE (corrected for mass of the
necked region) drawn in the deformation calorimeter at a
rate of 0.18 min- 1 and 25° C.
used for division should really be two lines. The first
=f the sample. Connecting a second line, the endpoint of
which would be the mass of the necked region, to the first
line would be a decreasing curve representing the change in
strain. A decreasing curve would connect these two lines
since the thermodynamic changes occurring shift from being
distributed over the whole sample to existing primarily in
the necked region, which at first has a very small mass.
Since the shape of this correct function was unknown, a line
was used. However, no interpretation should be given to the
thermodynamic values at small extension ratios. Figure 3.5
is a better representation of the data at J/2.<1.20.
The data displayed in Figures 3.6 and 3.7 demonstrates
an important difference between the drawing behavior of the
HOPE and LLDPE
.
The values for heat, work and internal en-
ergy change per gram were essentially constant during defor-
mation of the HDPE specimen continuing to the conclusion of
the experiment. The value of 1/1.-3.5 corresponds to all of
the region between grips being converted to polymer drawn to
its natural draw ratio for HDPE
. In the case of LLDPE
, it
may be observed that the values for heat, work and internal
energy change never reached a constant value but appear to
be changing continuously, even after the neck had formed. A
value of 2/l„=3.0 corresponds to conversion of all the poly-
mer between the grips to necked polymer drawn to its natural
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draw ratio for this LLDPE samDie r* . •u*z pl . if one tries to explain
this difference in terms of th. P.terlin deformation model
one arrive, at th. conclusion that tor th. „DPE sample there
.re primarily two processes occurring during necking. These
are th. plastic deformation of the spherulitic structure be-
fore neck formation and transforation from the spherulitic
to the fiber structure. For the LLDPE
, deformation of the
fibrillar structure nay also result in addition to the two
Previous processes. This explains the increase in work at
the higher draw ratios because the microfibrils would be
more difficult to deform than the original spherulitic
structure, since th. h.at output also increases, either
chain unfolding from crystal lamellae does not occur (this
breakup of crystals would cause the heat output to be low-
ered since it is a cooling process i.e. melting or stress
induced decrystallization) or if it does transpire, the heat
recovered when new crystalline regions are formed compen-
sates for the decrystallization. Mew crystalline regions
could be formed when tie molecules or unfolded lamellae are
included in some of the existing lamellar crystal lattices
due to their proximity arising from deformation. The net
result of continued deformation, once the neck has been es-
tablished and grown for some tine, is a lowering of the in-
ternal energy of the sample. This topic will be discussed
in more detail in the DSC section of this chapter.
81
The deformation calorimetric results obtained for vari-
ous polyethylenes are summarized in Figure 3
. 8 and Table
3.1. The majority of these data points were the average of
3-5 experiments while a few individual points were a single
experiment. There were large variations in the work of de-
formation for a single polymer drawn at one strain rate, but
the ratio of heat to work varied by no more than 5% for rep-
licate experiments. The ratio of heat to work was nearly
constant for each particular polyethylene over the range of
strain rates tested. The ratio of heat evolution rate to
the input work rate was also constant over the range of
strain rates tested for three polyethylenes examined. The
rate of heat evolution was obtained from equation (2.8)
while the rate of input work was calculated from the force-
time and displacement-time curves. These values were calcu-
lated after a stable neck had formed but before the necked
region had been highly drawn. The values of (dQ/d t)
/
(dW/d t)
were essentially the same as the total Q/w for the three
polymers examined. The HDPE, LDPE and LLDPE all had approx-
imately the same Q/W even though values for W varied widely.
The changes in internal energy of deformation are greater
for the HDPE's than for LDPE or LLDPE. This result appears
to mainly be a consequence of the larger work of deformation
for HDPE.
The UHMWPE deformation thermodynamic behavior was sig-
nificantly different from that for all other polyethylenes
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*
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LLDPE NDR=4.9
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60
55
54
53
65
68
79
77
79
83
79
14
19
22
25
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70
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UHMWPE NDR=3.8
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studied. The values of deformation work for UHMWPE were in-
termediate between work values for the low and high density
Pdyethylenes while the values for internal energy change
were greater than those for the HOPE. Correspondingly, the
ratio of heat to work was much lower for UHMWPE
. This ob-
servation that UHMWPE stores a greater percentage of the
chanical work as an internal energy change may arise fr
the greater number of intercrystalline tie molecules present
in UHMWPE. The distortion of crystal lamellae, or merely
the stretching of these tie molecules are much more likely
events for UHMWPE than for the other polyethylenes
. This
extension of the intercrystalline tie molecules and distor-
tion of the highly entangled amorphous regions would result
in a more organized, less stable thermodynamic state with a
correspondingly higher internal energy level.
The deformation calorimetric results obtained for LDPE
agree closely with the literature values for Q/W for this
system. Lyon and Farris (69) measured thermodynamic quanti-
ties for Alathon* 20 LDPE during uniaxial extension using
deformation calorimetry. They found that Q/W=0.70 and the
ratio of heat production rate to the rate of input work was
independent of strain rate for a similar range of strain
rates. The values reported here for Q/W on LDPE are 0.70-
0.73. Muller (29) made similar measurements on polyethylene
(the type used was not identified, presumably it was LDPE)
and found Q/W=0 . 76-0
. 87
. Godovskii (16) also measured
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thermodynamic data for uniaxial deformation of what was
probably LDPE (it is identified only as polyethylene) and
found Q/w=0.75. since many possible morphologies and types
of Polyethylene exist, these literature values are consis-
tent with the experimental values presented here.
The loading of an isotropic polyethylene sample results
in a cooling effect while the unloading process is exother-
mic once the sample has been necked and drawn, the oppo-
site behavior is observed. The uniaxial unloading of an
anisotropic sample in the draw direction results in a flow
of heat into the sample. This behavior indicates that the
thermal expansion coefficient of the necked polymer in the
draw direction is negative. Godovskii (16,20) and Muller
(29) also mention this effect which they observed for many
oriented polymers. The magnitude of the heat obtained upon
unloading was 3-3.5 J/g for polyethylene, a value nearly
equal to, but always less than the work recovered upon un-
loading. These values for heat and work of unloading indi-
cated that unloading results in a lowering of the internal
energy of the system, a result one might intuitively expect.
However, the internal energy of the system is not lowered by
an amount equal to the recovered work, nor is the total en-
ergy change close to this value. The typical observed dU
for unloading is 0.5 J/g or less for LLDPE. The nearly
isotropic ends of the sample do not contribute appreciably
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un-
c
e
to the heat effect since their length is very short compared
with the fully extended center region.
An ideally elastic-plastic material would exhibit
identical deformation thermodynamic behavior prior and sub-
sequent to drawing in the elastic regime. Since the drawing
process does not change the thermodynamic state of an ide-
ally plastic material, the heat and work during elastic
loading after plastic drawing would be equal in magnitude
but opposite in sign to those values obtained for elasti
loading before drawing. Deformation has no effect on th
sign of the linear thermal expansion coefficient for an
ideally elastic-plastic material. This ideal deformation
behavior is in contrast to that observed for polyethylene.
The loading-unloading behavior for drawn polyethylene is
more similar in a thermodynamic sense to the deformation be-
havior of a rubber stretched beyond the thermoelastic inver-
sion. Thus, these observations are further evidence for
some of the rubbery polymer chains in the amorphous regions
of the oriented polymer acting in a very similar manner to
chemically crossslinked rubbers. Perhaps the crystalline
regions in the polyethylene case act as effective crosslinks
deforming only slightly (during small deformations). This
effect may result from the small deformation of the drawn
polymer being entropically driven much in the same way as
rubber deformation.
Additional deformation of the drawn poller ,.>!„%,
or deformation of a highly oriented
, chain ^
•thylene are very different events and should be distin-
guished from the model described above. This model is only
applicable to uniaxial small deformations or drawn rubbery
semicrystalline polymers. A ma jority of the motion due to
deformation occurs in the amorphous regions with the lamel-
lar crystals acting much like crosslinks in an amorphous
elastomer. Godovskii <20, suggests that such a model is too
simple and does not account for the possibility that the
amorphous regions may undergo volume variation. This is a
valid observations since it is very unlikely that the amor-
phous chains deform with only shape changes at constant vol-
ume, however the behavior of a rubbery semi-crystalline
polymer is far closer to elastomer behavior than it is to
ideal plasticity.
3.3.2 Differential Scanning Calorimetry
Differential scanning calorimetry (DSC) experiments
were performed to gain further insight into the thermody-
namic state of the drawn polyethylenes
. The motivation for
these studies was to determine if the internal energy in-
crease measured by deformation calorimetry could be detected
in comparing the energy required to melt the isotropic and
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uniaxially drawn polymers. A schematic representation of
this idea is shown in Figure 3.9. If the assumption is made
that dHfU3l o n;:dU, then the drawn sample heat of transition
should be less than that measured for the isotropic sample.
Not only is the assumption that pressure-volume work is neg-
ligible implicit in the above expression, but also the as-
sumption is made that stress-strain work does not contribute
to the enthalpy. since quantitative DSC results are diffi-
cult to obtain, it is more important to examine if this con-
cept is qualitatively sound. Two different types of DSC ex-
periments were completed, conventional DSC in which the
drawn samples were placed in an aluminum pan and allowed to
contract, and restrained DSC in which the drawn samples were
constrained during heating on tiny brass spools.
3.3.2.1 Conventional DSC
Typical DSC thermograms for the various polyethylenes
are shown in Figures 3.10-3.13. These have been normalized
to the sample weights. The draw ratios to which the samples
have been drawn are shown above the curves. The second
scans in all cases were initiated following rapid quenching
from above the melt temperature. For all four polyethy-
lenes, the second scans for the drawn and isotropic samples
were essentially indistinguishable from one another.
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Figure 3.11. DSC thermograms for Alathon 20 LDPE drawn toits natural draw ratio at 25° C (upper two curves) and iso-
tropic LDPE (lower two curves)
.
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A number o£ iaportant observations may be made based on
the shapes of these ourves. The LLDPE and LOPE samples
demonstrated what appears to be a bimodal distribution of
crystal sizes sinoe there is a seoondary well defined lower
melting peak. This seoond peak implies a high number of
crystals having a narrow size distribution all melting at
approximately the same temperature. This temperature was
nearly the same as the annealing temperature. 90° C. in both
cases. Deformation to the natural draw ratio erased all ev-
idence of this seoondary peak for both polyethylenes
. These
results are consistent with the observation (63) that the
final lamellar thickness for polyethylene is dependent on
the deformation temperature but not on initial lamellar di-
mensions
.
Another significant feature common to all the first
thermograms of the drawn samples, was the appearance of a
low temperature bump at approximately 340K. This bump is a
real effect and occurs as a consequence of the deformation.
The origin of this small peak will be described in detail in
section 3.3.2.2.
In addition to the disappearance of the lower melting
peak arising from annealing for LDPE and LLDPE , the deforma-
tion resulted in some minor shape changes of the main melt-
ing peaks. A small amount of superheating was present for
Marlex 50100 HDPE due to the rapid scan rate used. The
first scan for the drawn UHMWPE was slightly broader and
less weu defined than either the second ^ ^ ^
Pic sample scans.
Table 3.2 lists values for melting temperature (taken
at the peak maximum),
"percent crystallinity"
, and heat of
fusion for various polyethylenes as measured by DSC. These
values were taken from the thermograms shown in Figures
3.10-3.13. The HDPE and LLDPE values are the average value
of three separate experiments, each containing two different
samples. The heat of fusion values were determined by
starting the integration of the thermogram at the point
where incipient melting was observed. For the LDPE and
LLDPE this temperature was only slightly above room tempera-
ture. The "percent crystallinity" was calculated using a
dHf„. 10 o value for a perfect polyethylene crystal of 276 J/g
(70) .
The qualitative trends exhibited by the data in Table
3.2 are far more important than the exact numbers obtained.
It was extremely troublesome to determine accurate melting
enthalpies for LLDPE and LDPE since the melting process be-
gan at such low temperatures. The change in slope from the
baseline was so gradual that even though the thermogram was
taken from 260K, it was difficult to distinguish exactly
where the baseline ended and melting commenced. The choice
of integration limits could affect the heat of fusion values
for LLDPE and LDPE by as much as 10%. The HDPE was much
less sensitive to the integration limits. Heat of fusion
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Table 3 2. Maximum melting temperature, percent crvs-
^as^erb/Ssc^^ °f fUSi°n f~ -rious^yethyHnes as
Material
(
° C >"" * crvstallinil-y dH„ (J/g)
LOPE
Isotropic Scan 1 109
Scan 2 107
NDR=3.9 Scan 1 m
LLDPE
Isotropic Scan 1 118
46 128
42 U5
Scan 2 109 42
48 131
NDR=3.8 Scan 1 137 51
NDR=5.6 Scan 1 135 67
116
48 134
43
42
Scan 2 119 39
Scan 2 117 liqNDR=4.9 Scan 1 119 117
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UHMWPE
Isotropic Scan 1 134 55 151Scan 2 135 55 151
140
Scan 2 138 55 ' 153
Marlex 50100 HDPE
Isotropic Scan 1 136 74 2 05
Scan 2 131 65 180
186
Scan 2 131 63 174
NDR - Natural draw ratio
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values for HDPE could be varied by 5% depending on the
choice of integration limits. The best possible limits were
chosen by eye, and an attempt was made to be consistent in
the method of choosing limits. Generally, the heat of fu-
sion values for the drawn polyethylene samples are less than
those of the isotropic samples upon first heating for each
type of polyethylene. The heat of fusion values for the
second scans are indistinguishable from one another for a
specific polyethylene. This is exactly what one would have
predicted based on the deformation calorimetric results.
Raising the internal energy level of the polymer due to de-
formation results in less energy being required to melt the
drawn polymer. Quantitative agreement was good for the
LLDPE and Marlex 50100 HDPE. The deformation calorimeter
measured a dU of 27 J/g for the HDPE and 19 J/g for the
LLDPE while the differences in heats of fusion for the drawn
and isotropic samples measured by DSC were 20-25 J/g and 17
J/g respectively.
A number of assumptions are implicit in the previously
described interpretation of the DSC data. The most obvious
is that dU=dH»
.
More subtle assumptions are also being
made. One of these is that the drawn and isotropic polymers
reach exactly the same thermodynamic melt state. This im-
plies that the deformation while thermodynamically irre-
versible is not thermo-irreversible, that is any morphologi-
cal or physical changes which have occurred due to
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deformation may be completely reversed by melting. This
precludes the appearance of any chemical changes. Thermo-
irreversible chemical changes which might take place during
deformation are events such as significant chain scission,
formation of radicals followed by reaction, and devolati-
lization of mobile species within the polymer. These events
are all extremely unlikely for the samples studied under the
very modest deformations which were applied, so the assump-
tion appears to be a good one. This is further corroborated
by the close agreement, within each series of polyethylene
DSC experiments, between the heat of fusion for the second
scan of the deformed and isotropic samples.
The "percent crystallinity" values determined by DSC
for these deformed samples are not necessarily accurate. A
number of other physical changes may occur during deforma-
tion of a semi-crystalline polymer in addition to a stress
induced decrystallization or what Muller describes as
"squashing of crystals" (71). The formation of the fibril-
lar structure as the neck propagates increases the internal
energy of the system. The fibrillar structure contains much
more internal surface area, and hence a greater surface en-
ergy, than the undeformed isotropic material. A change in
crystal size or shape, but not necessarily volume fraction,
also would increase the internal energy for a similar rea-
son. The transformation of the usual orthorhombic crystal
structure to a less stable monoclinic form has been observed
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during the deformation of polyethylene (72). In addition, a
small exotherm may arise during DSC due to recovery of en-
ergy stored in the strained amorphous regions, this exotherm
would subtract from the melting enthalpy. Thus, the reason
for the change in melting enthalpy during DSC is not neces-
sarily crystallinity decreasing.
"Percent crystallinity"
values calculated from DSC data on deformed semicrystalline
polymers are not necessarily accurate, it would be fortu-
itous if they were.
3.3.2.2 Restrained Pre-drawn Samples
DSC experiments were performed on polyethylene samples
which had been drawn to their natural draw ratio and re-
strained on brass spools during heating. The thermograms
for these experiments are presented in Figures 3.14 and 3.15
for the two different HDPE samples. An attempt was made to
restrain the LDPE, LLDPE and UHMWPE also, but reproducible
results were not obtained. The retaining rings often cut
the polymer, allowing it to shrink during the experiment.
This did not happen with either HDPE sample. There is an
increase in melting temperature due to the sample being re-
strained during melting. A majority of the observed melting
temperature increases are due to superheating from the rapid
scan rates used. The low temperature behavior of the
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Figure 3.14. DSC thermograms for Marlex 5003 HDPE predrawn
at 25° C to its natural draw ratio and restrained (upper two
curves)
,
and undrawn Marlex 5003 (lower two curves)
.
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restrained and unrestrained Marlex 50100 HDPE samples is
compared in Figure 3.16. it is apparent from these results
that the small peak present at 330K for the unrestrained
sample disappears when that sample is constrained during the
experiment. The small peak in the unrestrained sample comes
about due to either an exotherm resulting from sample
shrinkage superimposed on the start of the melting endo-
therm, or is due to rearrangements (which could be either
crystalline melting or an ordered amorphous state) taking
place as the sample is allowed to shrink.
The results for the DSC experiments on the constrained
samples are summarized in Table 3.3. The second scans for
the isotropic samples are different from the second scans
for the drawn material in each case. The difference in sec-
ond scans is due to a difference in quenching which occurred
during rapid cooling of the polymer melt. The isotropic
samples rested on top of the brass spools while the oriented
samples, even after melting, were still evenly spread around
the diameter of the spool. Heat transfer was more efficient
to the oriented samples since their area of contact was
larger, and more efficient quenching took place when the DSC
was rapidly cooled. This enhanced quenching resulted in
lower measured heat of fusion values for the second scans of
these samples compared with these values for the isotropic
specimens. The third scan of the Marlex 50100 HDPE was per-
formed after removing the quenched sample from the DSC,
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Figure 3.16. DSC thermograms for Marlex 50100 HDPE. Drawn
samples deformed at 25° C to the natural draw ratio. A - 1stheating, drawn sample, unrestrained. B - 2nd heating, drawn
sample, unrestrained. C - 1st heating, drawn sample, re-
strained on brass spool. D - 2nd heating, drawn sample, re-
strained on brass spool. E - 1st heating, unrestrained,isotropic sample.
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making several cuts with a razor blade along what was for-
merly the transverse direction to draw for the sample, and
replacing the sample. No difference was observed for the
third scan and no change in sample dimensions was noted,
indicating that once the temperature had exceeded the melt
temperature, the sample had indeed reached an isotropic melt
state
.
The heat of fusion values for the Marlex 50100 HDPE
correspond closely to the values obtained for the unre-
strained samples in Table 3.2. The same qualitative behav-
ior is observed for both HDPE samples, that is the heat of
fusion for the first scan on the drawn material is substan-
tially less than the heat of fusion for the first scan on
the isotropic sample. The number obtained by difference for
the Marlex 50100 HDPE agrees closely with the deformation
calorimetric results while both samples exhibit correct
qualitative agreement with the deformation calorimetric
data. In all cases, the polyethylene DSC experiments were
performed a few weeks after necking the samples in the
calorimeter. While large changes in sample dimensions did
not occur, some relaxation or rearrangement may have taken
place. This would explain any discrepancy between the DSC
and deformation calorimetric results. Also it was extremely
difficult to obtain accurate and precise heat of fusion val-
ues from the DSC due to the broad melting peaks of the poly-
ethylenes
.
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A number of people have suggested that the DSC behav-
ior of drawn polyethylene should be different fro, that of
the isotropic polymer. One of the first proponents of this
idea was Peterlin (70,73,74). He predicted that the amor-
phous fraction of polyethylene would have a lower heat con-
tent. This would occur due to a higher population of trans
amorphous tie molecules which have a lower energy than the
statistically favored gauche conformation. He predicted
that the melt enthalpy measured for drawn samples would be
greater than the isotropic melt enthalpy by varying amounts
depending on the value of the surface energy density of
crystal fold containing surfaces. From DSC experiments on
samples highly drawn at 60<>C, he did find that the melting
enthalpy was greater for these samples. This effect was
also found by Sumita, et. al . (75) for polyethylene highly
drawn at 60<>c. Illers (76) found that preventing shrinkage
during scanning raised the measured heat of fusion slightly
for highly drawn (I/I, =12.0) polyethylene. Gedde
, et. al
.
(77) found that the "percent crystallinity" as measured by
DSC of drawn polyethylene fibers could be either greater or
less than the original fiber crystallinity depending on the
type of polyethylene and the draw conditions. Macrae, et.
al. (78) measured the crystallinity of polyethylenes con-
taining different numbers of branches which were cold drawn
to various draw ratios at 60° C. They demonstrated using
infra-red spectroscopy and transmission X-ray experiments
that the crystalline decreased in all cases at intermedi-
ate draw ratios. The melting enthalpy of solid state ex-
truded spherulitic HOPE was observed to increase with in-
creasing draw by Lo ,31, while Chuah (79, found that the
-Iting enthalpy of solid state extruded HOPE originally in
chain extended morphology „as less than the original melting
enthalpy of the nearly 100% crystalline chain extended poly-
mer
.
While the previous literature data do not appear to
strongly support our results under cursory examination, a
more thorough analysis demonstrates the literature results
are quite consistent with those which have been reported
here. In all the contrary literature cases, the draw ratios
were much greater and the draw temperatures considerably
higher than those under which these drawn samples were pre-
pared. The technique of solid state extrusion involves ex-
tensive annealing and produces polymers which have a
markedly different morphology from freely drawn samples.
The experimental observation that the heat of fusion is less
for drawn samples is also consistent with Peterlin's seem-
ingly contradictory predictions. Peterlin's prediction con-
siders only the change in heat content of the amorphous re-
gion due to chain conformational changes and does not take
into account changes in: density due to void formation,
surface energy density, lamellar thickness, or mass fraction
crystallinity.
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3.3.3 Stress-Temperature Behavior
The motivation for these experiments was to determine
if any of the energy of deformation which was stored during
drawing could be recovered as mechanical work. If stress
buildup occurred during a heating-cooling cycle upon return-
ing to room temperature for uniaxially constrained pre-drawn
thin films, then additional mechanical work would be ob-
tained upon unloading the samples to zero stress. The
stress-temperature experiments would also be able to clarify
the results obtained for the restrained versus unrestrained
DSC experiments.
Figures 3.17-3.19 show the stress-temperature profiles
of various room temperature uniaxially drawn polyethylene
samples. The heating and cooling rates were approximately
3»C/min. The draw ratios for the polymers were the natural
draw ratios reported in Table 3.2. The ends of the samples
were fixed and fully enclosed in the oven.
The LLDPE and HDPE samples exhibit a maximum in the
stress-temperature curves during the first heating at 70«C.
The maximum in the curve for UHMWPE occurs at 100° C upon
the first heating. All of the samples demonstrate a nega-
tive thermal expansion coefficient beginning at room temper-
ature and continuing to the maximum point in the curve.
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Figure 3.18. Stress versus temperature curves for con-
strained Marlex 50100 HDPE originally drawn at 25° C to its
natural draw ratio.
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Figure 3.19. Stress versus temperature curves for con-
strained UHMWPE originally drawn at 25° C to its natural draw
ratio
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Fro, these experiments, it is not known what the thermal ex-
pansion coefficient is after the maximum point in the curve
Although the slope of the stress-temperature curve is gener-
ally taken to be
-Ea where B is Young's modulus and a is the
linear thermal expansion coefficient, a precipitous drop in
modulus transpires after the maximum point in the curve.
This is due to increased mobility of the amorphous regions
and the onset of crystal melting.
The HDPE samples returned to significantly higher
stress values at room temperature than the other two sam-
ples, even upon subsequent heating and cooling cycles. The
greater stress buildup of HDPE is presumably due to a de-
creased mobility of the HDPE resulting from the relatively
high degree of crystallinity compared with LLDPE and UHMWPE.
As long as the temperature of the HDPE samples was held be-
low 70o C
,
significantly greater stresses were generated upon
thermal cycling. Once 70* c was exceeded, a precipitous drop
in stress occurred and the samples were under low stress
upon returning to room temperature.
Heating and cooling cycles for LLDPE showed that if
70OC was not exceeded, there was little difference between
subsequent heating and cooling after the first cycle for a
stressed sample. Similar results were obtained for HDPE and
UHMWPE. This suggests that annealing of the samples at
fixed length produced a structure which would eventually
reach equilibrium. it appears that this equilibrium
structure would retain the negative thermal expansion coef-
ficient of the original drawn sample, since the samples all
were above T, even at room temperature, these are seemingly
Paradoxical results. There are two possible explanations
for this observation. One is that the crystalline regions
of the polymer maintain the structure, and hence the strain
in the amorphous tie molecules, provided the crystal melting
temperature is not exceeded. An alternative explanation,
proposed by Kloos (80), is that the Tg of the amorphous com-
ponent of the drawn samples is well above the Tg of the re-
laxed samples. He demonstrated that for highly drawn HDPE,
T„ could exceed room temperature. However, if the sample
was returned to zero stress following a thermal cycle, and
the stress-temperature experiment was repeated, the stress
reached approximately the same value as it did for the first
cycle. This repeated stress increase occurred provided 80<>C
was not exceeded. These stress-temperature results indicate
that the initial stress on the sample affects the stress-
temperature behavior.
The UHMWPE exhibited very different stress-temperature
behavior from the other two polyethylenes
. The temperature
of maximum stress was significantly greater while the stress
values obtained upon thermal cycling were much less than
those of LLDPE or HDPE. The higher temperature behavior of
UHMWPE is relatively simple to explain. The greater degree
of molecular entanglement and higher number of tie molecules
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-re than compensates for the smaller percent crystallinity
.
Thus, at temperatures less than lOOoc, the crystal melting
is less important than the entropic retractive forces which
develop and chain entanglements which prevent the stress
from decreasing rapidly. Once a high enough temperature is
reached to melt a sufficient number of crystals, the entan-
glements are no longer able to support the entropic forces
which developed. The difference in the room temperature
stress upon thermal cycling for UHMWPE is probably due to
different crystallization behavior during cooling or is due
to the long relaxation times of the molecules. it is quite
possible that the stress reached at the conclusion of the
experiment was not an equilibrium value. Successive thermal
cycles not exceeding 80<>c followed by extremely long mea-
surements of stress recovery would provide a definitive an-
swer to this question.
The stress-temperature curve for HDPE aids in clarify-
ing the results obtained from the DSC for the constrained
versus unconstrained drawn samples. The temperature at
which the maximum stress buildup occurred for HDPE closely
corresponds to the temperature at which the low temperature
peak was observed for the unconstrained HDPE sample in the
DSC. Since maximum rate of shrinkage probably also takes
place at or near the temperature of maximum stress, the
stress-temperature results are additional evidence that the
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Peak in th. DSC
=ame about due to changes which transpired
during sample shrinkage.
Stress-temperature measurements on constrained samples
were made on polyethylene by stein et. al. in 1949 (81).
Stein made these measurements on elastically deformed and
relaxed polyethylene samples. since the force-temperature
curves were reversible, he was able to calculate (5E/5I) V
, T
and T(5S/52) V<T
. stein's results indicated that when the
material was deformed below 40<>C, the internal energy in-
creased, stein concluded from birefringence measurements on
polyethylene (82), that the model describing polyethylene as
crystalline regions in a rubbery amorphous matrix was a poor
approximation due to constraint of the amorphous material by
the crystalline regions. He suggested that the changes in
internal energy needed to be considered. Peterlin (83) has
suggested that during the annealing of drawn crystalline
polymers with fixed ends, only partial relaxation of taut
tie molecules is possible. This is supported by the obser-
vation that the modulus of drawn polyethylene does not de-
crease substantially if the ends are fixed and the annealing
temperature is well below the crystal melting temperature.
Recent stress-temperature studies on LDPE by DeCandia, et.
al. (84) agree closely with the results obtained for LLDPE.
DeCandia, et. al. also made extensive measurements on the
isothermal annealing time effect on stress and the effect of
draw ratio on the stress-temperature behavior. They found
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upon first heating the stress increased . ncreasing
ratio for draw ratios between 4 and 6 . These results were
explained in terxas of the taut tie molecules exhibiting en-
tropic retractive force with increasing temperature.
The stress-temperature behavior observed for the
polyethylene samples qualitatively supports the results of
the deformation calorimetry experiments. The work that may
be recovered upon thermal cycling does not account for the
internal energy change, indeed it is only a fraction of the
measured dU. Successive thermal cycling on samples which
were unloaded to a stress-free state at room temperature in-
dicated that thermal stress buildup occurred numerous times
for one sample, provided the maximum temperature was well
below the crystalline melting temperature. Thermal cycling
a stressed sample never allows it to reach the isotropic
state. Internal energy changes may also be taking place as
the sample ages, resulting in a very small heat flow over a
long period of time. Such an event would not result in a
measurable quantity of heat but could appreciably change the
internal energy of the system. The DSC results are an argu-
ment against the internal energy of the polyethylenes chang-
ing with time following uniaxial drawing. There is no fun-
damental reason why the internal energy change observed dur-
ing deformation should be recoverable as mechanical work.
Due to the complex nature of the morphology in this system,
it would be surprising if all the stored energy of deforma-
tion could be obtained as mechanical work.
3.4 Conclus ions
Thermodynamic measurements during uniaxial deformation
of various polyethylene samples demonstrated that necking
and drawing deviates significantly from ideal plasticity.
This deviation from ideal plasticity results in an increase
in internal energy which is evident from both deformation
calorimetric data and heat of fusion results for drawn sam-
ples measured by DSC. DSC heat of fusion data for drawn
semicrystalline polymers is not necessarily a measure of the
crystallinity. Surprisingly little difference in the ratio
of input mechanical work o heat dissipated was measured for
a wide variety of polyethylenes over a range of strain
rates. Increasing molecular weight did add slightly to the
internal energy stored for structurally similar polyethy-
lenes deformed under the same draw conditions and to similar
draw ratios.
An important consequence of the stored internal energy
changes was stress buildup for uniaxially constrained pre-
drawn samples exposed to thermal cycles. The room tempera-
ture stress resulting from a thermal cycle was very
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sensitive to the maximum temperature, and could be drasti-
cally decreased by approaching the melt temperature.
CHAPTER 4
DEFORMATION THERMODYNAMICS OF AMORPHOUS POLYMERS
4.1 Introduction
This chapter will focus on the deformation behavior of
a number of amorphous, glassy polymers. Polymers of this
type have been extensively studied ever since the properties
of bisphenol A polycarbonate (BPAPC)
, namely its ductility
and high impact strength in the glassy state, were first ob-
served. In order to truly understand the behavior of this
class of materials from a fundamental viewpoint, it is nec-
essary to briefly discuss the nature of the glass transition
and the thermodynamic state of glassy polymers.
Thermodynamic transitions are divided into two broad
categories, first-order or second-order. There is an abrupt
change in a fundamental thermodynamic quantity such as en-
thalpy or volume during a first-order transition while the
first derivative of a fundamental quantity changes during a
second-order transition. Both the heat capacity,
Cp = (5H/8T)p, and the volume expansion, (3=1/V ( 6V/5T) p
,
change
during the glass transition demonstrating one of the charac-
teristics of a second-order transition. It is a matter of
debate if the glass transition is a true second order
119
120
transition, however. The possibility that the glass transi-
tion may not be a true second order transition is an ex-
tremely important point. since the glass transition (T, ) is
similar to a second-order transition, it is extremely sensi-
tive to kinetics or time effects.
The kinetic nature of the T, is represented schemati-
cally in Figures 4.1. Figure 4.1A is a representation of
the variation of specific volume with temperature for two
different glasses, one which has been slowly cooled from the
rubbery region, and one which has been quenched. One of the
first researchers to observe this behavior in polymers was
Kovacs (85) who measured the specific volume of polyvinyl
acetate) at different times. Figure 4. IB shows the varia-
tion of heat capacity with temperature for the two samples
represented in Figure 4.1A. The lower curve in Figure 4.1A
is the one closest to equilibrium while for Figure 4. IB, the
upper curve is the one nearest to equilibrium. The area be-
tween the heat capacity versus temperature curves in Figure
4. IB is generally termed excess enthalpy and is a typical
characteristic of glasses which have been slowly cooled or
physically aged. During physical aging, a glass approaches
equilibrium behavior at a temperature below Tg . Therefore,
the two glasses in Figure 4.1 are at different thermodynamic
states. These states are usually thermoreversible ; that is
heating above T„ erases all previous history of the glass.
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Figure 4.1. Variation of the specific volume (A) and heat
capacity (B) as a function of temperature for rapidly
quenched and slowly cooled glasses.
4.1.1 Physical Aging
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Polymer glasses are often considered to be "frozen-
liquids or rubbers whose molecular motions are very small
below T,
.
Large scale cooperative molecular motion takes
Place at or above T,
.
Since polymer glasses are usually not
in an equilibrium thermodynamic state, there is a driving
force to reach this equilibrium state, the rate of which in-
creases as T, is approached. The physical properties of
polymer glasses (and other amorphous materials) have been
observed to change with time even when the material was ex-
posed to maximum temperatures well below T„ . The process of
physical properties changing with time is referred to as
Physical aging. For many polymeric materials, room tempera-
ture is close enough to T9 for appreciable physical aging to
take place. This process is termed physical aging to dis-
tinguish it from chemical reactions such as breakage of
bonds or formation of crosslinks. Physical aging is en-
tirely thermoreversible, that is a sufficiently long excur-
sion above the Tg erases any previous aging history.
Physical aging manifests itself in a number of physical
property changes in the material. These physical changes
have been extensively studied by Struik (86). since physi-
cal aging is the process of a material becoming more like an
equilibrium glass, physical properties change in the same
direction as during cooling through Tg . The modulus
xncreases and the material beco.es
.ore brittle, the density
increases slightly, damping, creep and stress relaxation
rates all decrease, and the heat capacity increases. The
increase in heat capacity is closely related to see of the
experimental work presented in this chapter and is a very
important change since it most directly reflects the change
in thermodynamic state. An increase in heat capacity is
equivalent to a decrease in internal energy since more ther-
mal energy is required to bring an aged glass to the rubbery
state than is required for a quenched glass. Since the ac-
companying enthalpy change is a confusing and unclear method
of examining this topic, the glass nearer equilibrium will
be referred to only as the one have a lower internal energy
level. A lower internal energy for an equilibrium glass is
not surprising and is what is intuitively expected, yet this
point is often confused in the literature. The literature
results most often refer to changes in enthalpy which depend
on how the signs are defined.
4.1.2 Dynamic Mechanical and Dielectric Measurements
Dynamic mechanical and dynamic dielectric measurements
have been two of the most popular methods for detecting the
glass transition temperature. For polymers, the glass
transition temperature is more appropriately referred to as
a relaxation rather than an abrupt transition since consid-
erable molecular motion can take place below T, . Most poly-
mers exhibit at least one additional relaxation below T„
,
this is referred to as the "beta relaxation" with T, known
as the "alpha relaxation". Many polymers have an even lower
temperature "gamma relaxation" as well. Physical aging oc-
curs at a temperature range between the alpha and beta or
gamma relaxations most often with little if any physical ag-
ing transpiring below the gamma relaxation temperature.
The literature results for the relaxations in BPAPC
will be briefly reviewed since this material has been exten-
sively studied and there are relatively few controversies
about the existence of dynamic relaxations. The question of
whether the beta and gamma relaxations are meaningful in
terms of mechanical properties is still being debated. This
issue will be discussed in more detail in a later section of
this chapter.
Sub-Tg relaxations at -100° C and 70<>C were first ob-
served by Krum and Muller (87) for BPAPC using dynamic di-
electric measurements. These were termed the gamma and beta
relaxations respectively. Illers and Breuer (88) found the
gamma and beta relaxations at similar temperatures using a
torsion pendulum. They were among the first to suggest that
the ductility of BPAPC resulted from the existence of the
gamma peak so far below room temperature. Illers and Breuer
(89) noted that the magnitude of the beta relaxation peak
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was sensitive to the thecal and stress history of the sam-
Ple, with an annealed sample demonstrating almost no beta
relaxation as measured by dynamic mechanical measurements.
The beta and gamma relaxations peaks have been observed for
a variety of samples using a number of dynamic dielectric
and mechanical techniques since these first observations.
These relaxations have since been observed by Hara and
Okamoto (90), and Watts and Perry (91) using dynamic dielec-
tric measurements. Heijboer (92), Davis and Macosko (93),
and Yee and Smith (94) have observed these relaxations using
dynamic mechanical measurements. Yee and Smith also made
extensive substitutions to various substituents along the
chain for BPAPC and measured the resulting dynamic mechani-
cal properties so they could attribute the observed relax-
ations to the motions of various chemical groups. Their
conclusion was that the beta relaxation was due to packing
defects while the gamma relaxation was associated with coop-
erative motion of the monomer unit.
A significant conclusion one may draw from all the pre-
viously cited results is that the concept of the glass tran-
sition temperature as a distinct point at which cooperative
molecular motions suddenly commences is not physically real-
istic. Significant cooperative molecular motions occur be-
low the glass transition temperature for most polymers, this
is one explanation for physical aging. While the rates or
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degree of these cooperative motions are far less than those
above T«
,
they exist nonetheless.
4.1.3 Stressed Glasses
Stress significantly affects the physical properties of
sub T0 glasses. The state of stress or stress history of a
glass is often as important as its thermal history. The
state of stress may modify or erase physical changes which
have occurred during physical aging. The thermodynamic
state of a polymer glass depends not only on its physical
age but also on its stress history. The physical age and
stress history of a glassy polymer are closely related and
interdependent, therefore the effects of one on the other
cannot be completely separated. The fact that Krum and
Muller (87) found a beta relaxation for quenched BPAPC while
Illers and Breuer (88) found a beta relaxation at the same
temperature for a mechanically stressed BPAPC is strong ex-
perimental evidence to suggest that stress and physical age
are related. One explanation of physical aging is that it
is an annealing of all the "frozen in" residual thermal
stresses which developed during rapid cooling. There is no
question that quenched glasses do develop large residual
stresses and that these stresses change the physical
properties of the material. This section will briefly
discuss the literature results for glasses subjected to
either applied stress or residual thermal stresses. The
thermodynamic state of the deformed or quenched glasses will
also briefly be considered.
The changes in physical properties which transpire dur-
ing the application of stress to a glass may be detected by
two broad experimental categories: those which use mechani-
cal means, and heat capacity measurements. Broutman and
Krishnakumar (95) observed that the impact resistance of
BPAPC sheets containing residual stresses resulting from
thermal quenching was much greater than that of annealed
sheets. Kolman, et. al
. (96) measured the dynamic mechani-
cal properties of BPAPC under various levels of offset
stress. They found that the gamma relaxations shifted
slightly and increased in magnitude due to the applied
stress. Smith et. al. (97) found that applied strains could
erase the effects of physical aging as measured by dynamic
mechanical spectra. Struik (86) demonstrated that cold
drawn BPAPC samples behaved the same as quenched samples
during creep experiments, even if the BPAPC samples were
physically aged prior to drawing.
DSC has been extensively used to study heat capacity
changes for physically aged and mechanically stressed poly-
mers. Prest and Roberts (98) demonstrated that glasses
stressed below T0 developed sub T0 endothermic peaks as
measured by DSC. They also observed that this behavior was
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ti». dependent, that the shape of the heat capacity versus
temperature curves changed with tim. after deformation. The
stressed glass underwent physical aging in much the same way
as a guenched sample. Matsuoka and Bair ,99, demonstrated
that an annealed, mechanically drawn sample of BPAPC and a
guenched sample exhibited identical DSC behavior. Heat ca-
pacity versus temperature profiles different from undrawn
samples were observed bv Pari^ =»^^ ttuta Dy rk and Uhlmann (100) for BPAPC
which had been drawn. The heat capacity curves changed with
annealing time at T,
,
reaching essentially the original val-
ues after 90 minutes. Bershtein et. al. (101) found that
compressive^ stressed polystyrene exhibited an exothermic
heat capacity change at 320K in addition to the endothermic
heat capacity change at t. (370K)
. They also found that the
excess enthalpy could be erased by compressively pre-
stressing the sample prior to scanning. Compressive stress
was shown by Adam et. al. (102) to cause the excess enthalpy
peak of an annealed polycarbonate to disappear. All of
these results demonstrate that stress causes an aged sample
to exhibit heat capacity versus temperature behavior of a
quenched sample for a variety of polymer glasses. In addi-
tion, two groups noted the appearance of additional heat ca-
pacity changes below T«
. Thus, the application of mechani-
cal stress apparently increases the internal energy of a
polymer glass much the same way as a quenched glass is at a
higher internal energy state than an aged sample.
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4.2 Experimental
4.2.1 Sample Description and Preparation
The amorphous glassy polymers studied were formed in a
variety of ways. Bisphenol A polycarbonate (BPAPC) was
Lexan" obtained from the General Electric Corporation in the
form of 0.10-0.50 mm thick films. This BPAPC has a Tg of
150*C measured by DSC and M*=3.7X10« determined by light
scattering. The poly (methyl methacrylate ) (PMMA) and poly-
sulfone (BPAPS) were both purchased from Aldrich Chemical
Company. The PMMA had a very high molecular weight and an
inherent viscosity of 1.20. The BPAPS had M*=3X10«, a re-
ported density of 1.24 g/cc, and a Tg =190°C. The aromatic
polyester (BPAPA) was a sample of experimental resin Durel*
DKX-008 having no additives or stabilizers and was supplied
by the Celanese Corporation. The sample was of medium mole-
cular weight with a reported Tg =180°C measured by DSC at
20° C/min.
Since physical aging has a strong effect on the proper-
ties of glassy polymers, great care was taken to prepare
samples with a well known thermal and mechanical history.
The BPAPC was heated to 160° C in air for one hour and then
cooled rapidly at 10°C/minute to room temperature. This
thermal treatment was done to erase any physical aging which
may have taken place and to prepare samples which would be-
have in a reproducible manner. Thermal residual stresses
arising from the rapid cooling were minimal since the films
were very thin. The dumbbell shaped tensile specimens used
for deformation calorimetry and also for obtaining drawn
polymer samples were stamped out of the quenched films at
room temperature using a mechanical press.
The BPAPS and BPAPA thin films were prepared from the
as-received pellets in a very similar manner. The pellets
were dried in vacuo for at least one hour at 140«C. The
dried pellets were pressed between poly(tetra fluoro-
ethylene) sheets for 5 minutes at 260<» C to obtain thick,
void free films. These thick films were immediately pressed
again for 10 minutes at 290<> C to obtain uniform, void free
0.10-0.20 mm thick films. Since the thermal history was not
well controlled by this treatment, the pressed films were
annealed in air at 200* C for one hour. These films were
then removed and cooled rapidly at 10° C/min to room tempera-
ture. The dumbbell shaped samples were stamped out of these
films in the same manner as for BPAPC.
The PMMA films were cast from a 10% by weight methylene
chloride solution. The solution was poured into a petri
dish and allowed to evaporate slowly by covering the dish to
hinder evaporation at room temperature. This method re-
sulted in much more uniform void free films than allowing
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the
.ethylene chloride to evaporate rapidly. The cast f ilms
were placed in a vacua, oven after two days at ambient con-
ditions. The temperature was slowly increased at 20* C/hour
from room temperature to 100<>c. The films were held at
lOOoc for a minimum of 5 hours. These samples were then
heated slowly to 13 0o c at ambient conditions and kept at
that temperature for one hour. The tensile specimens were
stamped out of these films using a sharp steel die in a
press heated to 100*0. The tensile specimens were annealed
for one hour at 15 0o C followed by cooling to room tempera-
ture at approximately 10'C/min. This treatment resulted in
defect-free, uniform, thin (0.10-0.20 mm) samples which had
a well characterized thermal history and demonstrated no ev-
idence of residual solvent in the DSC.
4.2.2 Deformation Calorimetry
The uniaxial extension experiments on the glassy poly-
mer samples were performed in the same manner and the sam-
ples were gripped the same way as the polyethylene samples
described in section 3.2.2. No evidence of tearing or any
type of failure around the grip area was observed for any of
these samples. In addition to the tiny steel screws, the
PMMA samples were fastened to the steel tabs using a drop of
cyanoacrylate adhesive. The experiments at various
temperatures were executed by pre-heating the calorimeter
fluid bath and allowing the sa»ple cell-transducer assembly
containing a sample to equilibrate for at least five hours
before commencing an experiment. The calorimeter baseline
was very stable under these conditions and drifted only
slightly during the time of an experiment. In all cases,
the baseline drift was linear over the course of an experi-
merit
.
4.2.3 Differential Scanning Calorimetry
The thermal analysis measurements were made using a
Perkin Elmer DSC-4 differential scanning calorimeter
equipped with a thermal analysis data station (TADS) pack-
age. The scan rate used for all samples was 20° C/minute
while sample sizes were in the 10-12 mg range. Calibrations
for transition temperature and melting enthalpy were com-
pleted using indium and tin. The deformed samples were al-
lowed to freely shrink in conventional aluminum pans during
scanning. An attempt was made to constrain drawn BPAPC sam-
ples on the brass spools described in section 3.2.3 during
DSC experiments. Reproducible results were not obtained for
the constrained samples due to premature failure of these
samples during the first heating.
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4.2.4 Density Measurements
Density measurements were made using a hydrostatic
weighing technique. The polymer samples were first weighed
in air. The samples were then weighed under water using a
special attachment on a Sartorius 1600 analytical balance.
The water was distilled water which was degassed by boiling
prior to hydrostatic weighing. The sample sizes used were
5-30 mg weight in air. Small sample sizes were used to
avoid air entrapment when placed under water and to insure
that the samples were void free.
4.2.5 Gel Permeation Chromatography
Gel permeation chromatography (GPC) separations were
done on various BPAPC samples using a Waters Associates liq-
uid chromatograph equipped with a differential ref r actome ter
detector. The solutions used for separation were approxi-
mately 5% by weight polymer in te trahydrofuran (THF) and
were made by dissolving the desired sample in THF at room
temperature followed by filtering to remove dust particles.
The THF flow rate was 1.5 ml/min.
4.2.6 Dynamic Mechanical Measurements
134
Two different dynamic mechanical testing apparatus were
used. An IMASS DynaStat Mechanical Spectrometer (Dynastat)
was used in load control tensile-tensile mode. The tensile
specimens were rectangular bars and were clamped at each end
with split metal thumbscrew clamps which held the samples
tightly over a small area. The applied static load was 2
MPa with an amplitude of 1 MPa for the superimposed sine
wave. The other dynamic mechanical testing apparatus used
was a Polymer Laboratories Dynamic Mechanical Thermal Ana-
lyzer ( DMTA )
.
DMTA measurements were taken in dual can-
tilever beam sample geometry. The samples used were 0.35-
0.50 mm thick, 5.0 nun wide and were gripped at three points
with sharp edged aluminum clamps. The heating rate for tem-
perature scans on both instruments was 3<»C/minute.
4.2.7 Thermomechanical Measurements
Two separate types of thermomechanical measurements
were made, change in stress at constant length, and change
in length under no load. The stress versus temperature mea-
surements were performed the same way using the apparatus
described in section 3.2.4. The shrinkage measurements were
made using a Perkin Elmer TMS-2 which was computer
controlled by a System 4 Microprocessor Control. The
shrinkage measurements were executed on 7.5 mm long 0.10-
0.20 mm thick films which had tiny metal crimp-on cylindri-
cal clamps at each end. These clamps rested on the oven at
one end and on an extensometer attachment at the other. The
thermal expansion measurement was calibrated using lead
foil. The heating rate for the temperature scans was
5° C/min.
4.3 Results and Discussion
4.3.1 Deformation Calorimetry
The deformation calorimetric behavior of a number of
ductile, glassy polymers was examined in a very similar man-
ner to the experiments on polyethylene in Chapter 3. The
molecular repeat units for the polymers chosen for these ex-
periments are represented schematically in Figure 4.2.
Three of the polymers studied were based on bisphenol A,
polycarbonate (BPAPC)
,
polyarylate (BPAPA) , and polysulfone
(BPAPS) while the other was poly(methyl methacrylate
)
(PMMA)
.
The first three polymers, BPAPC, BPAPA, and BPAPS
were ductile in thin film form at room temperature and could
be drawn past their yield point in uniaxial tension. All
three formed a distinct necked region upon yielding. PMMA
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Figure 4.2. Schematic representation of molecular repeat
units for glassy polymers studied.
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was ductile at 40- c and above in uniaxial tension but did
not for* a necked region, rather it drew uniformly. None of
these polymers have been reported to crystallize under the
experimental conditions. The design of these experiments
was to determine if the four glassy polymers deviated from
thermodynamically ideal plasticity. it was of primary in-
terest to determine if the capacity for energy storage dur-
ing deformation was related to the ductility or impact
strength of the polymer. Finally, it was of fundamental im-
portance to determine what effect any energy storage would
have on the deformed polymers and what the implications of
this might be in engineering applications.
Typical force versus time and pressure versus time
curves are shown in Figure 4.3 for BPAPC. These curves are
typical of the data obtained for all the glassy polymers.
The sample was uniaxially extended in the calorimeter start-
ing at point A, the deformation was terminated at point B,
and the polymer was allowed to stress relax from points B to
C The deformation took place at 25<>C at a strain rate of
0.18 min-i. The initial endothermic cooling during the pre-
yielding part of the deformation curve appears as a differ-
ential pressure decrease from baseline. The flow which oc-
curs during yielding results in exothermic behavior or a
positive deviation of differential pressure from the base-
line. The differential pressure curve rapidly returned to
the zero baseline value from points B to C. The
Figure 4.3. Force versus time and differential pressure
versus time for BPAPC uniaxially drawn in the deformation
calorimeter at 25° C.
exo-
o
s
.
room
unloading behavior is not indicated in Figure 4.3 but
thermic heat flow upon unloading was observed for BPAPC,
BPAPA and BPAPS. This unloading behavior is in contrast t
that observed for retraction of the stressed polyethylene
The exotherm upon unloading is indicative of a positive
temperature thermal expansion coefficient.
The thermodynamic quantities heat, work, and internal
energy change as well as the stress calculated from the data
in Figure 4.3 are plotted versus extension ratio for BPAPC
in Figure 4.4. The x-axis of Figure 4 . 4 was determined by
dividing the grip separation at any time by the initial grip
separation. Once the sample yields, strain is non-uniform
since the necked region is highly strained and the sample
ends experience a low strain. Thus, the x-axis is an aver-
age value of the total strain on the sample and does not
represent the true strain in the necked region. Similar
plots for BPAPA and BPAPS are given in Figures 4.5 and 4.6.
A representative set of PMMA (which does deform uniformly,
therefore the x-axis does represent the true extension ratio
for this case) thermodynamic data is shown in Figure 4.7.
The y-axis values for the thermodynamic quantities in all
cases were not normalized by the sample mass. The total
mass of the necked or deformed region was 7
. 6 mg for BPAPC,
3.6 mg For BPAPA, 7 . 5 mg for BPAPS and 9 . 1 mg for PMMA.
There are a number of important similarities and dif-
ferences among Figures 4.4-4.7. The three polymers
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Figure 4.4. Thermodynamic quantities, heat (Q) , work (W)
,internal energy change (dU) and stress versus extension ra-
tio for BPAPC drawn in the deformation calorimeter at 0.18
min- 1 and 25° C.
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Figure 4.5. Thermodynamic quantities, heat (Q) , work (W)
,internal energy change (dU) and stress versus extension ra-
tio for BPAPA drawn in the deformation calorimeter at 0.18
min- 1 and 25° C.
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Figure 4.6. Thermodynamic quantities heat (Q) , work (W) ,internal energy change (dU) and stress versus extension ra-
tio for BPAPS drawn in the deformation calorimeter at 0.18
min-1 and 25° C.
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Figure 4.7. Thermodynamic quantities heat (Q) , work (W)
,internal energy change (dU) and stress versus extension ra-
tio for PMMA drawn in the deformation calorimeter at 0.45
min- 1 and 60° C.
deformed at room temperature yielded at approximately the
same values of stress while PMMA deformed at 65<>C yielded at
a considerably lower stress. Yield strain for all the poly-
mers was 5-7%. The samples all exhibited an initial endo-
therm prior to yielding and in all cases demonstrated an in-
crease in the internal energy as the deformation progressed.
The internal energy increase per gram was comparable for the
three polymers deformed at room temperature, it was slightly
less for PMMA. There was an abrupt decrease in the internal
energy change following yielding for BPAPC and BPAPA ; a much
more gradual decrease was observed for BPAPS and PMMA. This
decrease in internal energy does not appear to be related to
the post yield stress drop since all the polymers studied
had an appreciable post yield stress drop. The post yield
decrease in internal energy is unrelated to the ductility of
the polymer since the BPAPC and BPAPS were the most easily
drawn polymers under the experimental conditions.
The deformation calorimetric data from the glassy poly-
mers examined is tabulated in Tables 4.1-4.5. Table 4.1
contains data for BPAPC drawn at 25<» C at various rates while
Table 4.2 contains data for BPAPC drawn at 62° C. The ratio
of heat to work increased with increasing rate. At the more
rapid rates, BPAPC behaved more like an ideally plastic
material. The heat to work ratio decreased at the higher
temperature but the net change in internal energy per gram
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Table 4.1. Thermodynamic for BPAPC drawn af orot m
natural draw ratio (NDR=i en * « 2 5 t . 25
° c to its
at various rates
1
- 9) « the deformation calorimeter
Strain
Rate (min-1) 2 < J/q> H (J/q) dU (J/q) Q/W (%)
1.80 44
1.80 35
54 11 so
44 9 79
°' 90 28 43 15 65
°' 90 30 45 15 67
0-45 26 45 19 58
°' 45 24 40 16 60
°-45 37 55 18
0.18 29 49 20
68
59
°- 18 27 49 22 56
26 48 22 54
0-18 28 50 22 55
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(HDR-1.9) at 62- c andTs"ai° 111^1%^-^°
Sample
ft Q (J/a) W (J/q) dU (J/q) Q/W (%)
1
2
3
4
Average
16
18
22
23
20
35
42
41
46
41
19
24
19
23
22
47
43
51
50
48
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25o C. e def°rmation calorimeter at
Strain
Rate (min- 1 ) Q (J/q) W (J/q) dU (J/q) Q/W (%)
0.18
0.18
0.18
0.18
Average 0.18
32
35
44
38
37
55
53
63
55
56
23
18
19
17
19
58
65
70
70
66
0.45
0.45
0.45
34
34
36
51
49
56
17
15
20
67
70
65
Average 0.45 35 52 17 67
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Table 4.4. Thermodynamic data for BPAP«? HraUn •<draw ratio (NDR-1.8) in the LfoLlf- d ?wn . to lts naturalx o; cn deformation calorimeter at 25° c
Strain
Rate (min-
*
) Q (J/q) H (J/a) du (j/q) Q/w (%)
0.18
0.18
0.18
0.18
Average 0.18
43
43
39
40
42
67
75
71
70
71
24
32
32
30
29
64
58
55
58
59
0.45
0.45
0.45
0.45
42
47
48
43
63
63
66
64
21
16
18
21
66
75
72
68
Average 0.45 45 64 19 70
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Table 4.5. Thermodynamic data for PMMA drawn in hh« a-*tion calorimeter at i-h*» i nj;„. t , a t e deforma-
rate of 0.45 35-?? lndlc*ted temperatures and a strain
Temperature = 45°
C
Sample # Q (J/q)
1 8
2 7
Draw ratio = 1.15
W (J/q)
18
18
dU (J/q)
10
11
Q/W (%)
45
44
Temperature = 62°
C
Sample # Q (J/q) W (J/q) dU (J/q) Q/W (%)
1 13 31 18 41
2 10 27 17 36
3 9 24 15 40
Draw ratio = 1.30
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remained approximately the same. The reason for the reduc-
tion in the heat to work ratio is the decrease in work re-
quired to deform the polymer at the higher temperatures.
This data suggests that the deformation mechanism of BPAPC
is not substantially different at 62<>c than from room tem-
perature. The similarity in deformation mechanism was an-
ticipated since both temperatures are very far from the Tg .
The thermodynamic data in Tables 4.3 and 4.4 for the BPAPA
and BPAPS respectively was not significantly different from
that obtained for BPAPC. The internal energy change at 0.18
min-i deformation rate for all three was approximately 20
J/g even though the work of deformation was considerably
greater for BPAPS. The thermodynamic data for PMMA in Table
4.5 demonstrated that the change in internal energy de-
creased with temperature. The value for work was less at
45o C due to the lower extension ratios obtained for the PMMA
samples drawn at 45° C. PMMA was not ductile below 45«c.
The internal energy stored for PMMA was considerably less
than the values obtained for the other three polymers,
though the ratio of internal energy stored to applied work
was much greater. The PMMA therefore exhibited the greatest
deviation from ideal plasticity. The PMMA was much nearer
T8 than the other three polymers which one might expect to
cause the material to exhibit deformation thermodynamic be-
havior more similar to a typical rubber. The PMMA was also
a much higher molecular weight sample than the other
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Polymers. The results for the various polyethylenes demon-
strated that for the polyethylene deformation, molecular
weight was an extremely important parameter in determining
deformation thermodynamic behavior. The internal energy
stored was a much greater percentage of the work for the ul-
tra high molecular weight polyethylene. It is possible that
any other differences in deformation thermodynamic behavior
between PMMA and the other three glasses were not apparent
due to this large difference in molecular weight.
Very few previous studies have been performed on the
thermodynamics of deformation for amorphous, glassy poly-
mers. Maher, et. aJ
.
(103) used an infra-red camera to de-
tect the temperature in the neck formed during uniaxial de-
formation for a number of thermoplastics. They found that
the percent of mechanical work converted into heat increased
with increasing draw rate. The values of heat to work ratio
measured for BPAPC ranged from 0.2 to 0.9 depending on draw
rate. An extrapolated heat to work ratio of 1.06 was ob-
tained for BPAPC deformed at infinite draw rate, though the
data had substantial experimental error due to estimation of
heat transfer coefficients. If a similar plot is con-
structed for the data in Table 4.1, a heat to work ratio of
0.92 is obtained at infinite draw rate. Since there are
only four data points, this value also has substantial un-
certainty, though it appears to be a more plausible value
than that obtained by Maher, et. al. Deformation
calorimetry of BPAPC was done by Weimann (104) using the
Muller-Engelter deformation calorimeter. He obtained heat
to work ratios of 0.50-0.65 for uniaxial deformations occur-
ring at 20o c and 30oc> The heat ^ rat . os ^^^^ ^
Weimann are close to the values reported in Tables 4 . 1 and
4.2, verifying that these results are reasonable.
It is worthwhile to discuss these results in terms of
some common models for deformation of glassy polymers. One
of the earliest and most general treatments of yielding and
necking behavior is given by Vincent (105). Vincent states
that necking occurs due to non-uniformity in tensile speci-
mens. Thus, part of the specimen experiences higher stres-
ses either due to stress concentrations or non-uniformity in
the cross sectional area of the tensile sample. At small
strains, the excess stresses can be supported and the system
is stable. Once the slope of the stress-strain curve de-
creases, the portion of the sample exposed to the larger
stresses becomes thinner than the remainder. This change in
cross sectional area causes the system to become unstable
and a neck is formed. Vincent's explanation was primarily
phenomenological and was also stated in terms of a construc-
tion on the true stress-strain curve first proposed by Con-
sidere (106)
.
This criterion for necking or cold drawing
has two simple requirements, strain softening followed by
stretching and strain hardening. This phenomenological ex-
planation still does not describe the microstructural
reasons for necking behavior. Haward, et. al. (107) ex-
tended and reviewed these simple observations to include
some molecular ideas. They concluded that stretching of
polymer chains between points of entanglement and rearrange-
ment of bonds may take place below T„
.
There are a number of ideas for molecular motion re-
sulting from the application of stress below T9 . The oldest
and most obvious is that applied stress reduces the T0 until
at the yield point the Tg and deformation temperature are
coincident (108,109). The increase in free volume brought
about by the dilational hydrostatic component of the stress
tensor is responsible for the decrease in TB according to
these authors. Another theory for the flow or yield behav-
ior for polymers is proposed by Eyring (110). This theory
assumes that yielding is an activated rate process with a
potential energy barrier of some height, dU. The energy
barrier may be surmounted due to random thermal fluctua-
tions. The effect of applied stress is to reduce the height
of the barrier in the forward direction but increase the
height in the reverse direction. Thus, once a molecule or
molecular segment, cluster of chains or chain segments have
gone over the barrier; they are in a quasi-stable energy
well and are unable to return to the ground state. This
theory has been refined by Kambour and Robertson (111) to
include specific molecular ideas of deformation. Kambour
and Robertson propose a very simple model of a polymer with
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equal length backbone bonds, bond angles of 90<> and two ro-
tational states per bond, cis and trans. Yielding below Tg
occurs when a sufficient number of trans bonds are converted
to the cis conformation by stress. The energy required for
this is the dU in the Eyring model.
A more recent theory has been developed by Argon and
Bessonov (112,113). Argon's theory views the initial unde-
formed state containing a large number of kinks each having
molecular dimensions. The change in free energy with strain
is calculated by using the energies and interaction energies
of a pair of equal and opposite wedge disclination loops.
The mathematical formalism of this model is complex but the
final equations are relatively simple and accurately predict
the relationship between shear modulus and shear yield
stress for a number of polymers. A similar model has also
been developed by Bowden and co-workers (114,115). Bowden ' s
model assumes the critical step in the yield process is the
formation of small disc-shaped sheared regions referred to
as disclination loops. His model quantitatively explains
the variation is yield behavior with temperature, strain
rate and pressure using two parameters, the shear modulus,
and the "Burgers vector". The Burgers vector of the sheared
region is related to the molecular dimensions of the polymer
molecules. Bowden is careful to emphasize that the disloca-
tions are a mathematical calculation and do not necessarily
represent a physical dislocation forming as the material
yields.
The two ideas that appear to be most consistent with
the deformation calorimetric data are the Eyring theory and
the idea that T9 is a function of stress as well as time.
The drop in internal energy coincident with neck formation
supports the idea of an activation energy which must be
overcome. The internal energy drop does not appear to arise
from the change in cross sectional area as the samples
yield. The internal energy decrease at yield was not ob-
served for polyethylene which necks but was seen for PMMA
which does not neck.
The question of how the deformation calorimetric data
is related to impact resistance and ductility is an impor-
tant one. The answer is not obvious and unfortunately sub-
ject to some speculation. A desirable characteristic of a
ductile polymer is the ability to store deformation energy.
From the glassy polymers examined, an internal energy change
of 15-20 J/g seems to be a good value for energy stored dur-
ing drawing, prior to failure. On the other hand, one might
anticipate that the most ductile materials would exhibit
metal-like plasticity, storing little or no energy of defor-
mation. Complete conversion of the deformation work into
heat is not very probable for high molecular weight polymers
which are entangled. Perhaps extrapolating the value of
heat to work ratio to infinite strain rate is the most
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informative. It is likely that polymers exhibiting the
greatest impact resistance will have higher values for heat
to work ratio at infinite strain rate. A requirement that
the Q/w values at infinite strain rate approach 1.0 is
equivalent to stating that a requirement for impact resis-
tance is the ability to convert nearly all of the work of
deformation into heat in a very short time. Thus, arguments
which are contradictory can be made for desirable heat to
work ratios to obtain maximum ductility and impact resis-
tance
.
4.3.2 Differential Scanning Calorimetry
Differential scanning calorimetry (DSC) is a technique
which has been extensively used to study polymer glasses,
especially to detect heat capacity changes which have oc-
curred in the vicinity of T„ as a result of physical aging.
DSC experiments were done on the deformed glasses in an at-
tempt to detect the changes in thermodynamic state which
took place as a result of stress.
The results of the DSC experiments on the deformed
glasses are summarized in Figure 4.8. The samples were al-
lowed to freely shrink in conventional DSC aluminum pans.
There are a number of features which are common to all the
thermograms. The first heating of BPAPC, BPAPA, and BPAPS
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Temperature (°C)
Figure 4.8. DSC thermograms for various glasses drawn to
their natural draw ratios at 25° C (BPAPC, BPAPA and BPAPS)
and at 65°C ( PMMA
, draw ratio=2.0). A - BPAPS, 1st heating.
A' - BPAPS, 2nd heating. B - BPAPA, 1st heating.
B' - BPAPA, 2nd heating. C - BPAPC, 1st heating.C - BPAPC, 2nd heating. D - PMMA, 1st heating.
D' - PMMA, 2nd heating.
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indicates that an abrupt exothermic heat capacity changes
occur far below T,
.
The temperature of this heat capacity
change was 75-90o C but did not appear to depend on the Tg of
the polymer. The temperatures for these heat capacity
changes were very close for all the polymers, even though
the glass transition temperatures were separated by more
than 40OC. These three polymers also exhibited an exotherm
right at T0 during the first heating. Heating above Tg
erased this behavior completely, the second heating thermo-
grams for the drawn samples were indistinguishable from the
isotropic original polymers. The PMMA had slightly differ-
ent behavior from the other three polymers. A sub Tg
endothermic heat capacity change appeared at the deformation
temperature. The apparent Tg for this deformed sample oc-
curred at approximately 15« C less than the Tg for the unde-
formed polymer. A series of thermograms were taken for
BPAPC deformed at different temperatures. BPAPC deformed at
various temperatures between 25« C and 110° C exhibited a sub
Tg exotherm and other main features of the DSC curves which
were essentially identical to the DSC results obtained for
BPAPC deformed at 25° C. No evidence of crystalline melting
peaks was detected by DSC for any of the four glassy poly-
mers in either the isotropic or deformed state.
Heat capacity measurements on deformed or stressed
glasses have been made by a number of research groups.
Prest and Roberts (98) observed sub Tg exotherms which were
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independent of T, for a wide variety of stressed glassy
polymers. These stress induced thermal events were found to
be time dependent, that is aging took place in the stressed
glasses. Reward, at. al. (107) demonstrated that the excess
enthalpy of physical aging for BPAPC observed using DSC
could be erased by compressive^ stressing the aged sample
prior to the DSC scan. A similar observation was also made
by Bershtein, et. aJ . (101).
The observations made using DSC on the stressed glasses
are closely related to the deformation calorimetric results.
The results from the deformation calorimetric experiments
demonstrated that the stressed glasses were at a higher en-
ergy state than the isotropic samples. This state is appar-
ently a quasi-stable state which may be thermally perturbed
to return to the original more stable state. The relaxation
of the higher energy state towards the original undeformed
state is the reason for the exotherm occurring so far below
Tg and the reason it is independent of Tg . This return to
the original lower energy state took place for the three
polymers examined which were based on bisphenol A, BPAPC,
BPAPA and BPAPS. This similarity in molecular structure may
have contributed to the observed sub Tg relaxation taking
place at nearly the same temperature. The apparent lowering
of Tg for the deformed PMMA probably occurred for a similar
reason. The cooperative molecular motion with which Tg is
associated must have initiated at a lower temperature for
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the deformed sample due to the increased internal energy.
As the T„ was approached, sufficient thermal energy „as
available to cause the macromolecular chains to undergo
large scale motion to return to the more stable undeformed
state. These ideas will be discussed further in sections
4.3.6 and 4.3.7.
The thermodynamic state of a stressed or deformed glass
is much like that of a quenched sample. Mechanical stress
on a physically aged sample can rejuvenate it causing it to
behave in the same way as a quenched sample. Both the
quenched and mechanically stressed samples are at a higher
energy state which is not the thermodynamically preferred
most stable state. It is significant that polymer chains
are mobile far below T9 in the presence of stress since
stress at room temperature can produce similar results to
heating above T„ and rapidly cooling. The effects produced
by stress and physical aging are both thermo-reversible
,
heating above Tg erases previous thermal, time, and stress
history
.
4.3.3 Density
Density measurements were made on the isotropic and
drawn polymer glasses BPAPC, BPAPA and BPAPS. The results
of these experiments are shown in Table 4.6. The trends in
draiinal; jl'?"
1
"** ° f BPAPC
'
BPAPA and BPAM prior
Sample ,K density (g /rr)
Isotropic BPAPC 1.196
BPAPA 1>202
BPAPS 1.233
Drawn BPAPC 1>216
BPAPA L222
BPAPS 1.2699
Annealed BPAPC
BPAPA
BPAPS
1.198
1.225
1.2705
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these data are far more important than the exact numbers
since the changes in density were small. in all cases, the
glasses densified slightly after drawing. The drawn glasses
were then annealed at 8 0 o C
. The BPAPC returned to its orig-
inal undeformed density while the BPAPA and BPAPS were es-
sentially unchanged. The sub Tg exotherm in the DSC was ob-
served at 80oc for BPAPC while this sub Tg exotherm was not
observed for BPAPA or BPAPS until a slightly higher tempera-
ture. Thus, a density decrease accompanies this sub Tg exo-
therm. The samples did not change appreciably in dimensions
during the annealing experiment. This further demonstrates
the interdependence between stress and physical aging since
annealing a BPAPC drawn sample results in density changes of
the same magnitude though opposite in sign to physical ag-
ing. Densification as a result of deformation has been ob-
served by others for polymer glasses (116-118). This densi-
fication is attributed to closer chain packing which occurs
as a result of deformation.
4.3.4 Gel Permeation Chromatography
Gel permeation chromatography (GPC) measurements were
made on the original undeformed and various deformed samples
of BPAPC to determine if significant chain rupture took
place during deformation. These experiments are summarized
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Retention Volume
Figure 4.9. Gel permeation chromatograms for various BPAPC
samples
.
in Fi9ure 4.9. The three chromatograms are superimposable
indicating that no measurable changes in either molecular
weight or molecular weight distribution took place. Simpli-
fied calculations assuming a monodispersed molecular weight
distribution indicated that approximately one c-c bond per
molecule would need to be broken in order to account for the
internal energy changes observed during deformation. This
calculation did not even consider the energy liberated when
the broken C-C bonds react with other radicals. Primary
bond breakage on this order of magnitude would certainly be
detected by GPC as a change in the molecular weight distri-
bution.
4.3.5 Dynamic Mechanical Measurements
Dynamic mechanical measurements were made on the ori-
ented glasses to determine if any relaxations could be de-
tected. The measurements were made on two different
instruments for BPAPC in tensile-tensile and dual cantilever
bending geometries. Plots of storage modulus versus temper-
ature for BPAPC are shown in Figures 4.10-4.12. The cross
sectional areas used for all of the modulus determinations
for the drawn samples were based on the dimensions of the
drawn samples, not the original isotropic sample dimensions.
The data in Figures 4.10 and 4.11 was taken on the Dynastat
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Figure 4.10. Storage modulus versus temperature for various
BPAPC samples taken at 1 hz in tensile-tensile deformation
and load control on the Dynastat.
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Temperature (°C)
Figure 4.11. Storage modulus versus temperature for a BPAPC
sample taken at 1 hz in tensile-tensile deformation and load
control on the Dynastat.
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Temperature (°C)
Figure 4.12. Storage modulus and stress versus temperaturefor a BPAPC sample taken at 1 hz in tensile-tensile deforma-
tion and displacement control on the Dynastat.
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in load control and tensile-tensile mode. The tensile
stress on the sample was 2.5 ± l.o MPa. The data in Figure
4-12 was taken on the Dynastat in tensile-tensile mode and
displacement control for a BPAPC sample pre-drawn at 2 5 o C .
The load on this sample increased with temperature due to a
negative thermal expansion coefficient above 60<>c. The max-
imum load was 40 ± 2.5 MPa
. These three figures clearly
demonstrate the appearance of a relaxation in the drawn sam-
ples. The relaxation became visible at 70° C for samples
drawn at room temperature and 90° C for samples drawn at
60oc. The relaxation was not detected on either the as re-
ceived samples or on a second scan of an annealed, drawn
sample. The relaxation was not strongly affected by the
high stresses which developed for the sample measured in
displacement control, though these stresses did decrease the
modulus and temperature of the onset of Tg . The observed
relaxation at 70°-90°C has been termed the beta relaxation
and has been previously observed for both stressed and
quenched samples of BPAPC.
Additional dynamic mechanical data for BPAPC samples is
shown in Figures 4.13 and 4.14. These data were obtained on
the DMTA and were taken in dual cantilever beam geometry.
This instrument automatically operates in displacement con-
trol though the maximum applied stress is unknown. The y-
axis has been vertically shifted for clarity though all
curves have been plotted on the same scale. Numerical
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Figure 4.13. Storage modulus versus temperature for a BPAPC
sample taken at 1 hz in dual cantilever bending on the DMTA.
The two curves have been vertically shifted for clarity.
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Figure 4.14. Storage modulus versus temperature for a BPAPC
sample taken at 1 hz in dual cantilever bending on the DMTA.
The two curves have been vertically shifted for clarity.
171
values have been intentionally been omitted from the y-axis
since modulus values on this machine varied almost one order
of magnitude depending on how well the samples were clamped.
This data again demonstrates the relaxation behavior at 70°
C
for the sample drawn at 25<> C and relaxation behavior at 90-
100OC for the sample drawn at 110- C. The measured value of
the modulus is in the wrong direction after the relaxation,
this data shows the modulus in increasing when it is actu-
ally decreasing. This spurious modulus increase is probably
due to the buildup of stresses in the transverse direction
to bending. These stresses have the effect of making the
sample appear to be less compliant.
Since relaxation behavior below Ta was observed for
various drawn samples of BPAPC, dynamic mechanical tempera-
ture scans were also taken for BPAPA and BPAPS. These poly-
mers had very similar deformation calorimetric behavior to
BPAPC so if the relaxation behavior were related to the
thermodynamic state, it should be observed in these two sam-
ples also. The results for dynamic mechanical experiments
taken on the Dynastat in tensile-tensile mode and load con-
trol for various BPAPA samples are shown in Figure 4.15.
The drawn sample exhibited relaxation behavior at 65° C while
the annealed samples did not. Similar experiments for BPAPS
showed evidence for an extremely small change in E' at 90° C,
though it was not as clear as either BPAPC or BPAPA. It
should also be noted that the BPAPA had a slightly higher
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Figure 4.15. Storage modulus versus temperature for BPAPA
samples taken at 1 hz in tensile-tensile deformation and
load control on the Dynastat.
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initial storage modulus than BPAPC so that the changes due
to relaxation behavior appear less when plotted on a log
scale. This was also true for BPAPS which had the greatest
initial value of storage modulus. The tan delta values were
not shown because the loss modulus was very small and ex-
tremely difficult to accurately measure using the Dynastat.
The storage modulus values were very reproducible from sam-
ple to sample varying by not more than ±5%.
4.3.6 Thermomechanical Measurements
The goal of the thermomechanical measurements was to
answer questions which were brought about by the deformation
calorimetric, DSC, and dynamic mechanical results. Consid-
erable energy storage took place during sub T« deformations
for all the glasses studied. The observation had also been
made that deformation resulted in sub Tg enthalpic and dy-
namic mechanical relaxations. It was of fundamental and
practical interest to determine if the energy stored during
cold drawing resulted in stress buildup for constrained,
drawn samples and if this stored energy could cause dimen-
sional instability for unconstrained samples exposed to
thermal cycles. Extensive experiments have been done on di-
mensional recovery of deformed glasses heated above Tg but
few studies have been done on the dimensional stability
below Tg
.
Sub T g behavior is of much more applied interest
since most polymers are used below Tg and any dimensional
instability taking place below Tg results in a much greater
stress change for a constrained sample since the modulus is
much higher below T9 . Two different thermomechanical exper
iments were performed in order to separate the two effects,
stress versus temperature behavior for constrained samples,
and thermal expansion for samples under very small stresses
4.3.6.1 Stress-Temperature Behavior
The stress versus temperature behavior for the glassy
samples was studied using the apparatus shown in Figure 3.3
The stress versus temperature behavior for a BPAPC sample
drawn at 25° C is shown in Figure 4.16. The lower curve rep-
resents the stress-temperature behavior of the as-received
sample and is indicative of a positive thermal expansion co-
efficient. The drawn BPAPC samples exhibit stress-tempera-
ture behavior of a material with a positive thermal expan-
sion coefficient until 50° C, when the stress begins to in-
crease. Thermal heating and cooling cycles on the uniaxi-
ally constrained sample indicate that the sample exhibits
positive thermal expansion behavior until the previous maxi-
mum temperature is reached. The slope of the stress-
temperature curve changes sign as soon as the sample reaches
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Figure 4.16. Stress versus temperature for a constrained
BPAPC sample predrawn to its natural draw ratio at 25° c.
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a higher temperature. The modulus of BPAPC decreases rapid-
ly above 100OC, this is likely the reason for the change in
sign of the slope at this temperature. The sample is no
longer able to support these high stresses above 100* c and
undergoes stress relaxation. The stress-temperature be-
havior of a series of BPAPC samples drawn at various temper-
atures and then quenched is shown in Figure 4.17. Drawing
at increased temperatures shifts the change in slope of the
curve to higher temperatures but the stress buildup still
occurs well below Tg unless the sample is drawn at or above
T«
.
The effect of annealing and re-drawing on the stress-
temperature behavior is shown in Figure 4.18. Annealing ap-
pears to have a very similar effect to drawing at the an-
nealing temperature. Curve A in Figure 4.18 represents the
stress-temperature behavior of a BPAPC sample which was
drawn at 25° C, annealed for Khour at 155° C and redrawn at
25° C. During annealing, the sample recovered to its origi-
nal pre-drawn dimensions within experimental error. The
sample redrew to the same draw ratio as the original draw.
The stress-temperature behavior for this sample is indistin-
guishable from the stress-temperature behavior for a sample
drawn once at 25* C. These results demonstrate that this be-
havior is physical rather than chemical in nature and is en-
tirely thermo-reversible
. The previous stress history of a
sample may be erased by sufficient heating above Tg .
Figure 4.17. Stress versus temperature for constrained
BPAPC samples predrawn at the indicated temperatures.
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Figure 4.18. Stress versus temperature for various con-
strained BPAPC samples.
The stress-temperature behavior for the drawn and
isotropic melt pressed BPAPA and BPAPS samples is shown in
Figure 4.19. These samples failed when heated above 140<>c
during heating. The BPAPA sample shown in curve B failed
during cooling, probably due to cracks or crazes which oc-
curred at the maximum temperature. These drawn samples ex-
hibited nearly identical behavior to the BPAPC drawn sam-
ples. The stress buildup occurred at a slightly higher tem-
perature for these two samples than for BPAPC. This higher
temperature is consistent with the higher relaxation temper-
atures observed in dynamic mechanical and DSC measurements
for these two polymers. The difference in slope of the
curves is not significant. This is an artifact of the sam-
ple dimensions used. Only very short (<15mm) BPAPA and
BPAPS drawn samples could be prepared before failure. The
BPAPC drawn samples were approximately 100mm long. Though a
much shorter oven was used for the BPAPS and BPAPA experi-
ments, these short samples were much more sensitive to com-
pliance resulting from expansion of the clamps and support
rods. The difference between final and initial stresses is
nearly the same value for these two samples as for BPAPC.
The thermal cycling behavior which is not shown exhibited
the same characteristics as that observed in Figure 4.16 for
BPAPC.
The draw ratios of BPAPC, BPAPA and BPAPS could not be
varied for freely drawn samples strained below T0 since all
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Figure 4.19. Stress versus temperature for constrained
BPAPA and BPAPS samples predrawn at 25° C to their naturaldraw ratios.
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of these materials form a neck. PMMA was also studied so
that the influence of draw ratio on the stress-temperature
behavior could be examined. PMMA uniaxially freely drawn at
60o C deforms uniformly and the draw ratio could be varied
from 1.0 to 2.4 before the samples failed. The undrawn sam-
ple exhibited the usual positive thermal expansion behavior
with the applied stress steadily decreasing with increasing
temperature. The stress-temperature behavior for PMMA sam-
ples deformed to the indicated draw ratios at 60<> C is shown
in Figure 4.20. Stress buildup occurs in these samples at
or slightly below the draw temperature with the maximum
value of stress obtained at 80° C during heating. The maxi-
mum stress increased with increasing draw ratio. The highly
drawn sample A was heated to 150* C, 35<>c higher than the Tfl .
This sample exhibited negative thermal expansion coefficient
behavior during cooling above Tg similar to the stress-tem-
perature behavior observed for crosslinked rubbers strained
beyond the thermoelastic inversion point. This sample was
acting much like a strained crosslinked rubber since the
molecular weight was high. The entanglements were acting as
crosslinks, lending mechanical integrity to the sample even
above T9 . The stress buildup which occurred for sample A
was comparable to that obtained for the other glasses which
were drawn to similar draw ratios. The final stress ob-
tained for this sample would have been even greater if
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Figure 4.20. Stress versus temperature for constrained PMMA
samples predrawn to the indicated draw ratios at 65° C.
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cooling began at 80o C
,
the temperature of the maximum stress
value.
Temperature dependent shrinkage forces have been mea-
sured in drawn amorphous poly (ethylene terephthalate ) and
BPAPC by Pakula and Trznadel (119). They observed that
these shrinkage stresses depended on the thermal history of
the samples after drawing and that the isothermal stress be-
havior was time dependent (120). Trznadel (121) also noted
that the isothermal stress buildup required an induction
time. These experimental observations led them to propose a
four state mechanical model to describe the thermally in-
duced stress buildup. Their four state mechanical model
contained one spring in parallel with a two state element
attached to a spring in series with a two state element.
This model was intended to represent a molecular subunit and
its interactions. They calculated the kinetics of the
transitions between various states which allowed a predic-
tion of the population of each state. They also were able
to calculate the probabilities of transition between the
states using a Arrhenius type expression. This model is
very similar qualitatively to the Eyring model for yielding
and flow since both models consider that macroscopic motion
takes place when the polymer chains pass over an energy bar-
rier. In the Eyring model, stress distorts the shape of the
barrier so that the chains cannot return to the more stable
state while in Pakula and Trznadel 1 s model, thermal energy
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activates the chains to return to one of the preferred
states resulting in a stress.
4.3.6.2 Thermal Shrinkage
Thermal shrinkage measurements were made on the various
drawn glassy polymers to determine if the stress buildup ob-
served for constrained samples occurred due to dimensional
instability. Macroscopic sample dimensional stability below
Tg is of both fundamental and practical interest. These ex-
periments were done on a Perkin Elmer TMA in uniaxial ten-
sile mode with a very small (<0.1 MPa) applied stress. The
heating rates and sample geometries were identical for all
samples studied. The results of thermal shrinkage measure-
ments for BPAPC, BPAPA and BPAPS are summarized in Figure
4.21. All the samples except for BPAPC deformed at 65° C ex-
hibited positive thermal expansion behavior between 20° and
60° C. The BPAPC deformed at 65<>C began shrinking slightly
at about 40° C. The maximum rate of shrinkage below Tg as
evidenced by derivative curves A' and B' for both BPAPC sam-
ples occurred at 75-80° C. The thermal shrinkage behavior of
BPAPA and BPAPS were essentially the same below 140° C with
the sub To maximum rate of shrinkage taking place at 80-
90° C. The maximum shrinkage obtained below Tg was less than
10% in all cases. Thermal shrinkage data is reported in
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Figure 4.21. Thermal shrinkage versus temperature for:
A - BPAPC drawn at 65° C. B - BPAPC drawn at 25° C.
C - BPAPA drawn at 25° C. D - BPAPS drawn at 25° C. The up-
per curves are the derivatives of curves A-D.
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Figure 4.22 for a BPAPC sample which was cycled and a BPAPC
sample measured perpendicularly to the draw direction (curve
O. Once shrinkage had taken place, the samples behaved the
same way as the as-received isotropic materials until the
previous maximum temperature was exceeded. No shrinkage was
observed for the time scale of this experiment below 6 5 o C .
The sample expanded perpendicular to the draw direction
since the volume change during this shrinkage is extremely
small. The perpendicular expansion was approximately the
same absolute value as the shrinkage between 80 and 100*
C
Above lOOoc, the transverse expansion was about one half the
uniaxial shrinkage which is the approximate value required
to maintain constant volume.
Thermal shrinkage measurements were also made on PMMA
samples drawn to two different draw ratios. These results
are presented in Figure 4.23. At temperatures less than
60° C, the PMMA samples expanded slightly. Both drawn sam-
ples shrank at the same rate from 60-65° C. Above this tem-
perature, the highly drawn sample shrank at a much more
rapid rate. Nearly 100% of the deformation was recovered
for the sample drawn to a draw ratio of 1.4 by 110° C. These
samples exhibited much greater shrinkages than the other
glassy samples, presumably due to the proximity of the
shrinkage temperatures to the Ta of the polymer.
The data in Figure 4.21 was replotted to determine if
the observed differences in shrinkage behavior between
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Figure 4.22. Thermal shrinkage versus temperature for two
BPAPC samples drawn to the natural draw ratio at 25° C and
thermally cycled. A - Uniaxial sample heated to 65° C,
cooled to 25° C, reheated to 110° C. B - Uniaxial sample
cooled to 25° C, heated to 150° C. C - Sample perpendicular
to uniaxial draw direction heated to 150° C.
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Figure 4.23. Thermal shrinkage versus temperature for vari-
ous PMMA samples drawn at 60<> C to the indicated draw ratios.
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BPAPC, BPAPA and BPAPS deforced at 2.C were related to the
T, of the polymers. Figure 4.24 is a plot of shrinkage for
these three polymers versus normalized temperature,
(T-Tg ) /Tg The glass transition temperatures used to nor-
malize the data were 423K for BPAPC, 453K for BPAPA and 463K
for BPAPS. The temperatures were expressed in Kelvin so
that the temperature axis from absolute zero to Tg would
range from
-1 to 0 for each polymer. Plotting shrinkage
versus T-Tg yields similar behavior. The polymer which be-
gan shrinking at the lowest temperature, BPAPC, shrinks at
the highest normalized temperature in relation to its Tg .
However, all the data when presented in this manner falls on
nearly the same curve. This similarity in sub Tg relaxation
behavior may arise from the close resemblance of the molecu-
lar structures of the three polymers.
Thermal shrinkage below Tg has been observed previously
for BPAPC. Kato and Kambe (122) measured the thermal
shrinkage of cold drawn BPAPC and observed a sub Tg maximum
rate of shrinkage occurring at 60-70° C. They found that an-
nealing at 140° C erased the shrinkage behavior. They also
observed that the maximum shrinkage obtained below 100° C was
10%. Studies of the dependence of shrinkage behavior on
heating rate demonstrated that the shrinkage was rate depen-
dent, the shrinkage at a given temperature decreasing with
increasing heating rate. An Arrhenius plot of inverse maxi-
mum temperature versus logarithmic heating rate yielded an
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Figure 4.24. Thermal shrinkage for BPAPC, BPAPA and BPAPS
samples drawn to their natural draw ratios at 25° C plotted
as a function of temperature normalized to the Tg of the
polymer
.
activation energy of 33.5 Kcal/mole for the molecular motion
causing the shrinkage. Evidence for polymer chain backbone
motion was also observed by yannas and Lunn (123) using
spectroscopy
.
The results of these thermo-mechanical measurements in-
dicate that macroscopic sample motion takes place for a va-
riety of drawn polymer glasses at temperatures as much as
100° C below T. . Macroscopic shrinkages of 10% and stress
buildups of 20-30 MPa certainly could not take place without
molecular backbone motion. This motion appears to be some-
what restricted since only a portion of the deformation is
recovered below T„
.
Once the backbone motion has taken
place, no additional large scale motions occur until the
previous maximum temperature is exceeded.
4.3.7 Explanation for Thermodynamic Behavior
The theories described in section 4.3.1 for the defor-
mation of amorphous, glassy polymers below the Tg are pri-
marily phenomenological and do not address the fundamental
question of why some glassy polymers are ductile while oth-
ers are not. If one considers a single isolated polymer
chain, a fundamental question one can ask is: Does this
chain have a Tg ? There is no apparent reason why it should,
one anticipates that if it were possible to grasp the chain
c man-
ends, the chain would behave in an entropically elasti
ner over any temperature range up to the degradation temper-
ature of the macromolecule. The effect of decreasing molec-
ular weight and plasticizers on T0 has been known for a long
time. One explanation for the depression of T0 with de-
creasing molecular weight is that the individual macro-
molecules have more freedom to move in a cooperative manner.
Thus, T8 is a result of interchain interactions.
A simple model is proposed which explains the deforma-
tion calorimetric data and is consistent with other experi-
mental observations for glassy, amorphous thermoplastics.
This model can be best developed by considering the primary
forces which act on a glassy macromolecule. These are the
forces which are keeping it "frozen". The primary forces
are the intermolecular interactions. These can be various
types of forces such as hydrogen bonding, dipole interac-
tions, steric hindrance, and Van der Waal's forces. Other
forces which are also acting on the chain are intramolecular
and intermolecular entanglements, and when a macromolecule '
s
nearest neighbor is another segment of itself, all of the
previously mentioned interactions may be intramolecular.
The flexibility of the macromolecule is important only in
that it determines how tight any loops or entanglements may
be. The primary feature of this model is the intermolecular
and intramolecular forces which hinder the cooperative mo-
tion of each individual macromolecule.
Yielding or ductile behavior in glassy polymers would
by explained as follows using this model. Yielding occurs
when a macromolecular segment is entropically deformed suf-
ficiently to break the relatively weak elastic intermodu-
lar and intramolecular interactions. The segments of macro-
molecules deformed are those between entanglements. As the
deformation progresses, eventually these entanglements would
be strained into tighter loops in much the same way as a
tangled ball of string which is being stretched. During
this final portion of the deformation, the stiffness of the
molecule would be increasingly important since the stiffness
would determine the radius of curvature for the loops. A
very rigid molecule would have a large radius of curvature
for the loops, limiting the deformation which could take
place once the macromolecular segments between entanglements
became highly strained. In terms of this model, the main
differences between brittle and ductile materials are the
strength, flexibility, and ease of breaking and re-forming
the intermolecular and intramolecular forces. A simplified
macroscopic analogy is a single fiber composite consisting
of a flexible elastic fiber held in a very rigid, brittle
matrix. The single fiber may be easily deformed to its max-
imum strain if the interactions between the fiber and matrix
are broken by applied stress. The fiber de-bonds a little
at a time continuing to the opposite end. Conversely, the
same fiber held very rigidly in the same matrix would fail
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or fracture at very low strains. Similarly, a fiber held
all the way along opposite ends by a large number of weak
interactions between fiber and matrix would be constrained,
and would fail at low strains.
This explanation for the energy changes observed by the
deformation calorimetric technique on the glassy thermoplas-
tics is that the applied stress has two effects. One is to
deform the regions of macromolecules between entanglements
in an entropically elastic manner. The other simultaneous
effect is the energetically elastic deformation of the sec-
ondary interactions. Deformation of these secondary intrac-
tions results in a cooling effect in much the same manner as
deformation of an energetically elastic materials such as
steel causes the material to cool. Therefore, the work of
entropy elasticity is entirely converted into heat while the
energetically elastic work is manifest as a superimposed en-
dotherm. Eventually the secondary bonds break entirely, re-
coiling and re-forming. Recoil does not result in a flow of
heat since this process is analogous to the free expansion
of an ideal gas, i.e. no work is done during recoil of these
secondary forces. The secondary forces are re-formed, lib-
erating heat equal to the absorbed heat required to destroy
the secondary bonds. The net result of the energetically
elastic deformation of secondary interactions (cooling ef-
fect), the destruction and re-formation of secondary bonds
(no net heat flow) and the entropically elastic chain
deformation (heat liberated), is that only a portion of the
applied work is converted into heat. The newly formed
intermodular and intramolecular forces are what holds the
macromolecular segments in a non-equilibrium, thermodynami-
cally less stable state.. The application of thermal energy
to a system in this drawn state does two things. It in-
creases the entropically elastic restoring forces of the
macromolecular segments between entanglements, and it pro-
vides sufficient activation energy to destroy some of the
intermolecular and intramolecular forces which are prevent-
ing the macromolecular chain segments from returning to
their original, undrawn, preferred dimensions. Thus, heat-
ing a constrained sample which has been drawn results in a
restoring force while heating a similar unconstrained sample
results in shrinkage. Therefore, the model is consistent
with many experimental observations on drawn glasses.
This model does not require that any viscous flow take
place during post-yielding deformation of glassy thermoplas-
tics. It also explains the recovery behavior and does not
restrict macroscopic motion to temperatures above Tg . Re-
laxations may take place at any temperature which results in
sufficient entropically retractive forces to destroy the in-
termolecular and intramolecular forces which themselves are
weakened by thermal energy. Thus, recovery or relaxation
phenomena may be independent of Tg according to this model.
Since no viscous flow is involved in this model, it also
Provides a convenient explanation for the astounding shape
recovery of cold formed, glassy thermoplastics. Glassy
thermoplastics deformed below T, generally recover their
original, undeformed shape almost exactly when heated suffi-
ciently. This model also explains the strong relataonshxp
of the heat to work ratio on the molecular weight. Molecu-
lar weight primarily affects the number of and molecular
weight between entanglements. Both of these parameters
strongly influence the ease and extent of deformation in
terms of this model. The reason for the partial observed
shrinkage below TB is probably primarily a time effect.
Once a portion of the deformation has been recovered, more
extensive thermal energy is required to either induce suffi-
cient entropic recovery forces or activate a sufficient num-
ber of unstable intermolecular and intramolecular secondary
bonds. Thus, additional macroscopic motion takes place very
slowly after the initial shrinkage since the thermodynamic
driving force for shrinkage is small. Perhaps on the time
scale of years, additional macroscopic motion would be ob-
served below T„
. Heating to near T„ allows large scale co-
operative motion to occur which severely weakens the inter-
molecular and intramolecular bonds which held the macro-
molecular chain segments between entanglements in the
strained configuration. This bond weakening coupled with
the entropic restoring force increasing with higher tempera-
tures results in rapid macroscopic motion with nearly 100%
recovery of the applied strain
deformation then is to destroy
fore the molecular backbone is
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A requirement of plastic
the intermolecular bonds be-
broken
.
4.4 Conclusions
Thermodynamic measurements during uniaxial deformation
of various amorpnous glasses indicated that an appreciable
amount of energy was stored during deformation. This devia-
tion from ideal plasticity occurred even though the polymers
were amorphous and did not crystallize during deformation,
indicating that a crystal structure is not necessary for
polymers to exhibit non-ideal plasticity. The internal en-
ergy changes during deformation or latent deformation energy
resulted in measurable but limited relaxation below Tg which
could be detected by DSC, dynamic mechanical and density
measurements. The thermodynamic state of these deformed
samples was shown to be similar to that of a non-equilibrium
quenched glass. It is proposed that physical aging in
glasses is due to the sub Tg relaxation of the glass to a
lower thermodynamic state since deformation as well as tem-
perature can erase physical aging effects. The sub Tg re-
laxation observed in the deformed glasses could be com-
pletely erased by annealing. Other experiments were also
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done demonstrating that this relaxation was thermo-
reversible, the original glass behavior could be restored
completely by annealing the deformed glass above Tg . There-
fore, the changes which took place during deformation were
entirely physical in nature. There was no experimental evi-
dence for stress induced chain rupture or chemical reaction.
The thermomechanical measurements were far more sensi-
tive to the sub Tg relaxation behavior. These experiments
demonstrated striking dimensional mobility of the deformed
glasses below Tg with a shrinkage of approximately 10% ob-
served at more than 50<> C below the Tg for BPAPC, BPAPA and
BPAPS. Stress-temperature experiments for pre-drawn samples
demonstrated that uniaxially constrained samples exposed to
thermal cycles far below Tg could develop astounding
stresses reaching more than 50% of the yield strength. The
sub T fl relaxation behavior was not related to Tg for BPAPC,
BPAPA or BPAPS. It is probable that the main effect Tg has
on the relaxation behavior is to change the time or kinetics
of the relaxation. The molecular motion due to this sub Tg
relaxation appeared to be slightly hindered since 100% re-
covery of the strain was not obtained below Tg , though this
may merely be a time effect. Experiments performed for a
sufficient time, perhaps even years, might result in more
dimensional recovery.
The yielding behavior observed with deformation
calorimetry and the sub Tg dimensional recovery are
qualitatively consistent with an Eyring model of deforma-
tion, m the case of sub T, yielding deformation, the shape
of the potential energy curve is modified due to stress, fa-
cilitating the motion of the macromolecular backbone into a
more unstable, and hence higher internal energy state.
Slightly heating this unstable polymer glass supplies suffi-
cient thermal energy for at least a portion of the macro-
molecules to return towards their original unperturbed di-
mensions
.
A qualitative explanation is proposed to explain the
experimental observations. This model is applicable to the
deformation of amorphous, glassy polymers. Sub Tg deforma-
tion is explained in terms of the destruction and re-
formation of secondary molecular interactions. The sec-
ondary bonds re-form while the macromolecules are perturbed
from their equilibrium dimensions resulting in a quasi-
stable energy state for the deformed material. The applica-
tion of thermal energy to the deformed material results in
increasing entropic restoring forces coupled with a weaken-
ing of the secondary interactions, causing the sample to re-
turn towards its undeformed dimensions independently of Tg .
CHAPTER 5
ADDITIONAL APPLICATIONS FOR DEFORMATION CALORIMETRY
5.1 Introductiion
The technique of deformation calorimetry is an ex-
tremely versatile one and is not limited to measuring the
heats associated with uniaxial deformation. Since the un-
derlying thermodynamic principle (the first law) is so gen-
eral, the energy change for any type of reversible or irre-
versible deformation may be measured. There are relatively
few experimental difficulties in using the differential
pressure technique to detect the heat changes associated
with any type of deformation. One major difficulty is the
chemical reaction, absorption or adsorption of some of the
gas molecules. Another difficulty is an extreme change in
sample volume. Judicious choice of the experimental condi-
tions, sample and sample cell geometry results in the dif-
ferential pressure measurement technique providing alterna-
tive information to the heat of deformation. If an experi-
ment is properly and carefully designed, the experimental
"difficulties 11 in making heat measurements may themselves be
used to make diffusion and dilatational measurements.
This chapter will discuss how the differential pressure
measurement may be used to make experimental observations in
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addition to the heat of delation. Some deformation
calorimetric data for uniaxial compression and fracture of
various samples will also be presented.
5.1.1 Differential Pressure Measurement
The differential pressure technique is extremely versa-
tile and may be used to make temperature, dilatational and
diffusion measurements. Dilatometers based on differential
pressure measurements have been constructed and extensively
used by Farris (124,125) to monitor and model volume changes
during deformation of various filled systems. These
dilatometers consist of a sealed sample chamber containing a
load cell and compensating rod so that deformation occurs
with no change in the sample chamber volume. The sample
chamber is connected to one side of a differential pressure
transducer with a reference container connected to the other
side of the pressure transducer. The following equation may
be derived for the change in sample volume in terms of the
change in pressure if one assumes an isothermal, ideal gas
and small changes in pressure and volume:
dV = dP (Vc -Vs ) /Po (5.1)
eng
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where dV is the change in sample volume, dP is the change in
Pressure, Vc is the volume of the sample cell, vs is the
initial volume of the sample and P 0 is the initial pressur
inside the sample chamber. An alternate method of obtaini
dV versus dP is to change the volume inside the sample cell
containing the sample by a known amount using a micrometer
and drawing a calibration curve for each P 0 and sample.
This calibration was the used by Farris and does not require
the ideal gas assumption or a knowledge of the free gas vol-
ume which is particularly important if the measurements are
made at elevated pressures.
The gas dilatometer is designed in a very different way
from the calorimeter to avoid heat effects. The sample cell
is made of heavy aluminum to provide an excellent heat sink.
Since the experimental parameter measured, dP, is inversely
proportional to the difference between the sample chamber
and sample volumes, the geometries of the sample and sample
chamber are chosen such that the difference in their volumes
is minimized. This careful choice of geometries maximizes
the pressure change for a given sample volume change and
places the sample very near the walls of the chamber so that
any heat evolved is transferred to the heat sink quickly.
Another way to minimize differential temperature effects due
to the heat change during sample deformation is to have the
reference and sample chambers touching. Contact between the
two chambers insures that if there is an appreciable
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temperature rise in the sample chamber, it will heat the
surroundings and reference chamber minimizing any tempera-
ture difference. If the measurements are made at elevated
Pressures, this also improves the sensitivity to volume
changes since the measured dP is directly proportional to
initial pressure. The only additional concern with dilato-
metric measurements by this method is to insure that the
moles of gas remain constant. if the sample forms an open
structure which can easily admit gas molecules during defor-
mation, this event can complicate measurements but is an in-
teresting and important phenomenon. Changes in pressure due
to this effect can be minimized by making rapid measurements
since changes in volume occur very quickly relative to the
diffusion of gas molecules into a polymer.
Monitoring differential pressure may be used as an ex-
tremely sensitive gas thermometer. At constant volume and
moles of gas, the differential pressure between a sealed
chamber and a reference is related to the differential tem-
perature, dT, in the following manner for small changes in
pressure and temperature:
dT/To = dP/Po (5 >2 )
where To and Po are initial temperature and pressure respec-
tively. A pressure change of 1 Pa may be detected easily by
the pressure transducer used in the deformation calorimeter.
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A 1 Pa differential pressure at atmospheric pressure and
roc, temperature corresponds to a temperature difference of
3X10-3 . c . This result demonstrates cieariy ^ ^y
a stable baseline is difficult to obtain during deformation
calorimetric experiments. a temperature difference between
the two cells of just 3X10- o C results in significant base-
line drift. This problem of baseline drift due to tempera-
ture differences between the two chambers could be largely
avoided by allowing the calorimeter to equilibrate for many
hours after placing a sample in the sample cell.
The relationship of differential pressure to volume
when the moles of gas and temperature were held constant has
been presented and discussed. An expression has also been
developed for the change in temperature in terms of differ-
ential pressure at constant moles of gas and volume. The
final parameter which may be varied is the moles of gas at
constant temperature and volume. The expression for the
differential pressure in terms of changes in moles of gas,
valid for small changes in pressure and moles of gas, is:
dP/Po = dn/no (5.3)
where P 0 is the initial pressure and n0 is the initial num-
ber of moles of gas. Ideal gas behavior has been assumed
also in developing this expression.
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Equation (5.3) is the basis for using the differential
Pressure measurement to determine gas diffusion. since the
volume of the calorimeter sample cell is approximately 80
ml, about 0.1 g of air at room temperature and pressure are
contained in the calorimeter sample cell. Thus, a change in
pressure of 1 Pa corresponds to a mass of air of 1 Mg which
may may be detected easily with the pressure transducer used
for the calorimetric measurements. This differential pres-
sure measurement is a much more sensitive and accurate tech-
nique for measuring the mass of gas diffusing into a sample
than the electrobalances or microbalances conventionally
used for diffusion measurements. The differential pressure
technique has an added advantage that it is a relative tech-
nique. The volume of the calorimeter sample cell, 80 ml, is
quite large. If this were reduced substantially, an even
smaller mass change could be detected. An additional advan-
tage of this relative technique is that it is independent of
the molecular weight of the gas. A mole fraction of a light
molecule such as hydrogen or helium may be detected as eas-
ily as an equivalent mole fraction of nitrogen. The elec-
trobalances measure mass, not relative mass and have diffi-
culty detecting small amounts of low molecular weight gases.
Electrobalances also require a pressure dependent buoyancy
correction which is not necessary for the differential pres-
sure technique.
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A preliminary experiment was performed to determine if
xt was feasible to use the differential pressure measurement
to monitor diffusion. A small sample of rubber (having an
approximate volume of 0.25 ml) was placed in a vacuum over
night and submerged in a J-shaped tube filled with mercury
while still in the vacuum. A small thread which protruded
from the mercury was attached to the rubber sample. The J-
tube containing the mercury and sample was placed in the
calorimeter sample cell. The thread was connected to the
pull wire. The purpose of the mercury was to act as a bar-
rier preventing the diffusion of air into the rubber. The
calorimeter was sealed and allowed to equilibrate. Once a
stable base line was obtained, the pull wire was withdrawn.
This action pulled the thread and resulted in the rubber
sample being exposed to the air inside the sealed calorime-
ter sample cell. A rapid and large decrease in the sample
chamber pressure was observed. Unfortunately, the mercury
which was agitated during the experiment also absorbed air
to that it was not possible to determine exactly how much
air diffused into the rubber. However, differential pres-
sure measurement was clearly demonstrated as a viable tech-
nique to measure isothermal diffusion provided an appropri-
ate method was devised to begin the experiment. An alterna-
tive method of commencing the experiment would be to use a
double action valve which would simultaneously connect the
sample in a vacuum chamber to the sample chamber and also
connect the reference chamber to a reference vacuum chafer
id.»tic.l to the sample vacuum chamber. This method of be-
ginning an experiment using a double action valve avoids
diffusion of gas into any medium other than the sample.
5.1.2 Deformation Calorimetry
The heat, work and internal energy changes of deforma-
tion may be measured for a variety of samples and is not
limited to uniaxial tension. However, there are some limi-
tations on the type of measurement and sample geometry. The
sample must have a relatively small mass so that heat is
transferred quickly through the gas, resulting in a pressure
change. A sample of large thermal capacity may act as a
heat sink, since heat conduction through the solid will oc-
cur more rapidly than conduction and convection to the gas
surrounding the sample. The sample volume must be small
relative to the calorimeter sample cell or the instrument
will act like a gas dilatometer. If the sample volume is
not kept small, tiny changes in sample volume will result in
appreciable pressure changes. Sample volume changes can be
observed with the calorimeter as a permanent baseline shift.
Finally, no new surfaces may be created which absorb gas or
evolve volatile vapors. If either of these events occur,
the number of moles of gas in the calorimeter is not
208
constant and a pennant basaiine shift appears due tQ .
Pr.«ur. change inducad by the change in^ Qf^ ^
gas
.
A variety of experiments may be done which do not vio-
late any of the aforementioned caveats. These include uni-
axial compression, plastic torsion or bending, oscillatory
stress or strain, and failure or fracture. The thermody-
namic behavior of solid polymers during failure is of par-
ticular interest. From this type of experiment, one should
be able to draw some fundamental conclusions about the frac-
ture process. Bond rupture would result in an increase in
internal energy while bond formation would be an exothermic
process, lowering the internal energy. if the creation of
new surfaces resulted in gas adsorption or absorption, this
would appear as a negative baseline shift. The evolution of
vapors or entrapped gases during failure would cause a posi-
tive baseline shift.
The energetics of cohesive fracture of polymers is of
particular interest. An energetic approach to fracture me-
chanics was first taken by Griffith (126). Griffith postu-
lated that fracture of a body would take place only if there
were a decrease in the total energy of the system. He pro-
posed that the work done on a body must be greater than or
equal to the sum of the elastic strain energy and surface
energy for a crack to propagate. The result Griffith ob-
tained is for purely elastic deformation, his equation was
later modified by Irwin (127) and Orowan (128) to include
the work of plastic deformation. Th - B
, in taking an ener _
Qetic approach to fracture, the internal energy change of
the system is an important quantity. The capacity to store
some deformation energy as an internal energy change which
was exhibited by all of the polymers studied would be par-
ticularly important in an energetic approach to fracture for
polymers. It ernal energy storage during yielding around a
crack tip would cause a polymer to require a greater energy
to propagate a crack than is predicted by the Griffith equa-
tion. Temperature changes at the crack tip also modify the
energy which is required to propagate a crack from that pre-
dicted by the Griffith equation.
5.2 Experimental
5.2.1 Uniaxial Extension and Compression of PET
Post-yielding extension and compression experiments
were done on poly ( ethylene terephthalate ) (PET) in the
calorimeter. The PET samples were in the form of hollow
fibers obtained from the Albany International Research Com-
pany. Uniaxial extension experiments were performed on two
sizes of hollow fibers. The larger ones had an outside di-
ameter of 1.0 mm and an inside diameter of 0.5 mm, the
^ller ones had an outside diameter of ^ _ ^ ^ ^
side diameter of 0.17 mm. The as _received^^
were straitened by annealin, ln an oven f„ _ ^ ^
•*C The fibers were gripped ^^^^ ^^^^^ ^
then attached to the small snaps inside the calorimeter.
Uniaxial compression was applied to the smaller PET
hollow fibers as shown in Figure 5.1. A 0.12 mm diameter
steel wire was threaded through the center of the fiber.
One end of the wire was made into a loop using a crimp-on
connector while the other end was wound around a wire rod
and pulled taut against the end of the hollow fiber. The
end of the hollow fiber opposite the wire loop was embedded
in a metal tube using epoxy. The metal tube had an attached
tab containing a hole in the center, parallel to the fiber,
and could be connected to one of the snaps inside the
calorimeter. The wire loop was attached to the other snap
inside the calorimeter sample cell. This geometry converted
the uniaxial extension of the wire to uniaxial compression
on the fiber.
5.2.2 Fracture Experiments
Various samples were fractured inside the calorimeter.
Tensile specimens of BPAPC, BPAPA
, BPAPS and PMMA prepared
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Figure 5.1. Schematic cutaway diagram of method used for
applying uniaxial compression to PET hollow fibers. A) Wire
Rod, B) Grip, C) Epoxy, D) Hollow Fiber, E) Pull Wire, F)
Wire Loop.
according to section 4.2.1 were fr.nffractured in uniaxial ten-
sion. These samples failed due to flaws which were already
Present, no cracks or flaws were intentionally introduced.
Compact tension samples were also fractured inside the
calorimeter. These samples contained sharp cracks which
were placed in the samples by scoring with a razor blade
above Tg
.
The compact tension samples were epoxy made from
Heloxy 69 (Wilmington Chemical Company) cured with diamino-
diphenylsulfone in an amine to epoxy ratio of 1.2 to 1.0.
The epoxy was cast into a 3 mm thick sheet and cured at
170o C for two hours followed by a post cure of two hours at
200o C in a vacuum to reduce oxidation. The compact tension
bars were cut from this sheet and had dimensions of 1.20 mm
wide by 12.5 mm long and a crack approximately 5 . 0 mm wide.
5.3 Results and Discussion
5.3.1 Uniaxial Extension and Compression of PET
Uniaxial extension and compression of PET hollow fibers
were done primarily to determine if the heat of post-
yielding uniaxial compression could be measured. Uniaxial
extension was performed as a comparison. The deformation
behavior of PET is extremely complex. It is a material
which exhibits a periodic oscillation of stress during room
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temperature post-viel rH™yielding deformation under proper dra« con-dition.
,!„,. PET has alsQ^ shown ^
-duced crystallization during room temperature drawing
<130). It was not the intent Q£ th . s ^ the^
Processes in detail. The primary goal was ^ ^
change in internal energy during uniaxial compression using
the deformation calorimeter.
The thermodynamic data for the uniaxial extension of a
PET hollow fiber drawn in the calorimeter at 25«C and a rate
of 5 nin-i is shown in Figure 5.2. The stress-strain curve
demonstrates some evidence of the oscillatory stress behav-
ior, though the oscillation is not as apparent as that which
has been previously observed. The thermodynamic quantities
were not normalized for the mass of the necked region which
was approximately 2.6 mg. Once the sample necked, the heat
evolved was slightly greater than the work resulting in a
decrease in internal energy with deformation. This decrease
of internal energy with deformation is contrary to the usual
observation for most polymers of an increase in internal en-
ergy during deformation and is indicative of stress induced
crystallization. Pakula and Fischer (130) observed stressed
induced crystallization of PET drawn under similar condi-
tions using X-ray. Though no measurements were done on the
as-received PET hollow fiber, it is likely it was almost
completely amorphous since it was transparent. The deformed
fiber was opaque. The value of internal energy change
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Figure 5.2. Thermodynamic data for uniaxial extension of a
PET hollow fiber drawn in the deformation calorimeter at
25° C and a strain rate of 5.0 min- 1 .
observed was approximately
-1 6 j /o ValY J g
'
ues for the melting
enthalpy of crystalline PET of 116-11 a t/ ur 8 j/g have been foundby c,iorin.tric measurements (131) di£ferentiai thermai
-XT.1. (132,. Thus
. the internal energy^ ^^^^
durlng deformation corresponds to a saaU and quite reason-
able degree of orystall i2 ation occurrin, due to the deform-
tion process.
Uniaxial extension of a PET hollow fiber was done in
the calorimeter at 2.C and a rate of 1 .in-, to determine
if stress induced crystallization could be detected under
these conditions. The thermodynamic and stress-strain data
for this experiments is presented in Figure 5.3. The data
shown in this figure was not normalized by the mass of the
necked region which was approximately 17 mg. The heat was
less than the work for the PET fiber deformed under these
conditions. This is similar to the deformation calorimetric
behavior observed by Andrianova, et. al . (23) using
Godovskii's calorimeter. Andrianova, et. al. found no evi-
dence of stress induced crystallization for PET deformed at
room temperature and this strain rate.
The uniaxial compressions of PET hollow fibers were
carried out at a deformation rate less than 1 min-i so that
the compression data could be compared with the data in Fig-
ure 5.3. Representative thermodynamic and stress-strain
data for uniaxial compression of PET is shown in Figure 5.4.
There were some experimental difficulties with the technique
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1.0 1.1 1.2 1.3 1.4 1.5
Extension Ratio (\/\ )
Figure 5.3. Thermodynamic data for uniaxial extension of aPET hollow fiber drawn in the deformation calorimeter at
25° C and a strain rate of 1.0 min- 1 .
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Figure 5.4. Thermodynamic and stress-strain data for uniax-
ial compression of a PET hollow fiber deformed in the defor-
mation calorimeter at 25° C and a strain rate of 0.2 min- 1 .
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used to apply the compressive force. The wire used to con-
vert extension to compression on the fiber (shown in Figure
5-1) itself deformed during the experiment and failed in
tension before the fiber failed in compression. The data in
Figure 5.4 is therefore primarily the PET compression behav-
ior but contains a component due to the extension of the
wire threaded though the PET hollow fiber. The pre-yielding
behavior resulted in such a small heat flow that it was not
detected. After yielding, a majority of the work of defor-
mation was converted to heat. The heat to work ratio is 1.0
within experimental error for this deformation. The values
of work and heat were very small compared with these values
for the tensile experiments. The percent error associated
with these measurements is therefore much larger for com-
pression experiments, perhaps as great as ±10%. The
compression experiments also had the added complication of
the heat and work of deformation for the wire superimposed
on the polymer behavior. The correct qualitative relation-
ship between heat and work was obtained for compression of
the PET hollow fibers. It was not possible to observe the
anticipated decrease in internal energy prior to the yield
point because the heat and work values were too small to
measure with sufficient accuracy at these low strains.
5-3.2 Energy Changes During Fail
An atte.pt was made to determine if any heat was asso-
ciated with oracK growth in an epoxy compact tension sample
wi th an existina crark *mg c . The force versus time and pressure
versus time data for this samnhcm ple deformed m the calorimeter
are shown in Figure 5.5. The sample was deformed at 25«C
and a rate of 0.10 mm/min. In interpreting the results of
this experiment, it is important to note that the volume of
this sample was much greater than the volumes of all of the
other samples used for deformation calorimetric experiments.
The force versus time data demonstrate the nearly elastic
deformation which is typical for very rigid epoxy samples.
No change in pressure is observed due to heat flow, but a
permanent shift in the baseline is clearly seen. The base-
line shift initiated at the point of fracture. Once a crit-
ical value of stress is reached, the crack propagates and
failure occurs almost instantaneously for these samples.
The experiment was continued for one hour but the pressure
baseline shift remained, indicating that the observed pres-
sure change was not due to heat flow. Apparently, any heat
flow which did occur was masked by the large thermal mass of
the sample. In other words, the sample may have been acting
like a heat sink since heat conduction through the solid
would occur much more readily than heat transfer to the sur-
rounding gas. Any heat transfer taking place would occur at
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Figure 5.5. Force versus time and differential pressure
versus time data for compact tension sample fractured in thedeformation calorimeter.
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such low values of heatino r»i-on g ate, it was impossible to mea-
sure
.
The observed shift in the pressure baseline at the
Point of fracture is very interesting and does provide use-
ful information. It is most likely that this baseline^
was due to a change in the number of moles of gas. It seems
unlikely that it was due to a change in sample volume since
it did not occur until after fracture. A pressure change of
the magnitude observed would correspond to a loss of about
2.5 Mg of air in the sample cell. There are two reasonable
explanations for this loss of gas. One explanation is that
air was adsorbed onto the fracture surfaces formed or ab-
sorbed into the polymer after fracture. Another possibility
is that some of the oxygen in the sample cell reacted with
broken polymer chains or free radicals which formed upon
fracture of the thermoset. This experiment is an excellent
example of the sensitivity of the differential pressure
technique to a change in the moles of gas.
Experiments were also performed when significant heat
effects were observed during failure. An example of one of
these experiments is shown in Figure 5.6 which contains
pressure versus time and force versus time data for a BPAPA
tensile specimen which fractured in the calorimeter. This
was a tensile sample prepared as described in section 4.2.1
and did not contain a pre-existing macroscopic crack. It
apparently failed due to the presence of a tiny internal
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Time (minutes)
Figure 5.6. Force versus time and differential pressure
versus time for fracture of a BPAPA tensile specimen which
failed in the deformation calorimeter at 25° C.
flaw or crack. The endothermic cooling is observed during
the elastic loading process, just as for the samples which
Yxelded and necked. Just prior to yielding, the sample
failed. A large positive deviation fro, the pressure base-
line is observed at the time of fracture. This positive
Pressure peak is indicative of heat given off. The thermo-
dynamic quantities and stress versus strain are shown in
Figure 5.6 for this BPAPA sample. The integration was con-
tinued slightly beyond the point of fracture for this sa.pl
so all of the heat given off was obtained. The pressure be
havior lags the force behavior slightly which is insignifi-
cant for a long experiment but can drastically modify the
results if not considered for a brief experiment such as
fracture. Figure 5.7 demonstrates that nearly all of the
work of deformation was dissipated as heat, resulting
in a corresponding decrease in internal energy upon frac-
ture. Data for a similar experiment performed on BPAPS is
shown in Figure 5.8. The BPAPS sample deformed slightly be-
yond the yield point prior to fracture. An evolution of
heat during fracture similar to that observed for BPAPA was
also observed BPAPS. An evolution of heat during fracture
was also seen in the other glassy thermoplastics examined,
BPAPC and PMMA
.
Temperature increases during crack propaga-
tion of amorphous glassy polymer have been previously ob-
served using thermocouples (133, 134).
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Extension Ratio 0/l o )
Figure 5.7. Thermodynamic quantities and stress versus
strain for BPAPA tensile specimen which fractured in the de-formation calorimeter at 25° C.
225
Extension Ratio (l/l Q )
Figure 5.8. Thermodynamic quantities and stress versus
strain for BPAPS tensile specimen which fractured in the de-rormation calorimeter at 25° C.
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The evolution of heat during fracture is surprising.
One expects that the internal energy of an ideal system
which fractures would remain unchanged if the internal en-
ergy is dependent only on temperature and the fracture pro-
cess is adiabatic. A sample which fractures rapidly does no
work since the force decreases but there is no motion, dl.
Therefore, none of the input work of deformation done by an
external force on the sample is recovered. A portion of the
deformation work is converted into the energy required to
form the new surfaces resulting from fracture. One possible
way the input work can be converted into heat for amorphous
polymeric glasses is by sliding of the chains of blocks of
chains past one another as the sample fails. The weak sec-
ondary interactions of chains sliding past one another would
dissipate heat much the way friction does. It seems un-
likely that significant primary bond rupture occurs during
the failure process for these systems.
5.4 Conclusions
The technique of differential pressure measurement was
demonstrated to be an extremely accurate method for measur-
ing volume changes in deformed samples, gas temperature
changes, and changes in the moles of gas. A mass of air as
small as 1 [ig could be detected using the calorimeter sample
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cell to measure changes in gas pressure due fco loss o£ ^
This high degree of accuracy, as well as the ease with which
low molecular weight gases could be detected, makes the dif-
ferential pressure technique an ideal one to measure gas
diffusion into solids. Preliminary experiments on natural
rubber demonstrated it was feasible to use the technique to
measure isothermal diffusion.
PET hollow fibers were deformed in the calorimeter in
uniaxial extension and compression. The uniaxial tensile
experiments demonstrated that stress induced crystallization
took place at relatively high strain rates. No evidence of
stress induced crystallization was detected at moderate
strain rates, hence the PET behaved similarly to the other
amorphous glasses. The expected qualitative behavior was
observed for the heat and internal energy changes of PET
during uniaxial compression. The means of applying the uni-
axial compression by deforming a thin steel wire in tension
also may have contributed to the thermodynamic quantities
measured during deformation. The contribution of the heat,
work and internal energy of the wire during deformation was
especially likely at small strains. Thus, exact values for
the thermodynamic quantities during uniaxial compression
could not be obtained, though the expected qualitative be-
havior was observed. The heat of deformation for uniaxial
compression was approximately equal to the work.
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Attests were made to measure the heat associated with
=raoK growth i„ an epoxy thermoset and a number of amorphous
.la..., No heat fiow was detected during cracK growth and
failure of the epoxy hut a significant decrease in the mass
of gas in the sample cell was observed subsequent to fail-
ure. This decrease in gas was attributed to adsorption,
diffusion or chemical reaction on the new surfaces formed.
Brittle fracture of the amorphous thermoplastics PMMA.
BPAPC, BPAPA and BPAPS resulted in appreciable heat flow im-
mediately following the fracture. This heat flow resulted
in a corresponding decrease in the internal energy upon
fracture and was believed to result from the energy required
to create the new surfaces.
CHAPTER 6
CONCLUSIONS AND FUTURE WORK
6 • 1 Overview
The goal of this dissertation was to more completely
understand post-yielding deformations for semicrystalline
and amorphous thermoplastics. The primary question which
provided the impetus for this work was: During so called
"plastic" deformations of thermoplastics, is all the work of
deformation dissipated as heat and if it is not, what hap-
pens to this energy? An answer was also sought to the ques-
tion: What effect would any stored energy have on engineer-
ing applications of deformed polymers? The main approach
taken to answer these questions was the measurement of ther-
modynamic quantities during isothermal post-yielding defor-
mations of various thermoplastics. Thermomechanical mea-
surements on the deformed polymers were also made to deter-
mine the effect of any stored energy on the properties of
the various thermoplastics.
The following sections recapitulate the conclusions
reached in the previous chapters of this dissertation. The
final section of this chapter makes some recommendations for
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future „ork . In preparing the £ . nal sect . o^ ^ e££ort ^
-de to mak e suggestions which „ere of a fundamental impor -
tance
6.2 Deformation Calorimet er
ion
Chapter 2 described in detail an isothermal deforma-
tion calorimeter which was capable of accurate determinat
of the heat of deformation. Chapter 2 also presented the
results of some electrical calibration experiments. Thermo-
dynamic lata from the elastic deformation of natural rubber
and some other materials was also presented as a calibra-
tion. The importance of measuring the heat of deformations
as well as the work was discussed. The measurement of heat
and work of deformation and concomitant use of the first law
of thermodynamics allows one to calculate internal energy
changes for deformation, valid for any reversible or irre-
versible deformation. Deformation calorimetry was presented
as one method to characterize the "plastic" deformation of
various polymers as ideal or non-ideal. One characteristic
of ideal plasticity is that no change in thermodynamic state
takes place or no change in internal energy occurs during
deformation
.
6-3 Polyethylene Deformation Thermody
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The heat and work were measured during uniaxial drawing
of various polyethylenes using the deformation calorimeter
and the results were presented in Chapter 3. Though the
polyethylenes varied widely in molecular weight distribu-
tion, density, crys tallini ty , degree of branching and aver-
age molecular weight; the heat to work ratio was 0.70 for
all of the samples studied with one exception. The ultra-
high molecular weight polyethylene stored a slightly greater
percentage of input work as an internal energy change, this
was attributed to a greater number of molecular entangle-
ments. This data demonstrated that post-yielding deforma-
tion of a semicrystalline polymer deviated significantly
from ideal plasticity in a thermodynamic sense.
The differences in the drawn and undrawn polyethylene
samples was also demonstrated using the differential scan-
ning calorimeter (DSC)
.
DSC heat of fusion values were less
for pre-drawn samples during the first heating than for the
isotropic specimens. It was not necessary to attribute
these observed changes to a decrease in crys tallinity . A
change in state due to structural changes in the amorphous
regions could easily account for the observed stored energy
during deformation. This idea is also consistent with some
of the most commonly accepted models for polyethylene defor-
mation .
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Samples of drawn polyethylene which were uniaxially
constrained and exposed to thermal cycles exhibited Stress
buildup. This stress buildup is an important conseguence of
the stored energy resulting from the thermodynamically non-
ideal plasticity during deformation. The only feasible
method of decreasing the stress due to thermal cycling in a
constrained sample was to approach the melt temperature.
6.4 Thermodynamics of Deformation of Amorphous Glasses
Chapter 4 contains the results of uniaxial post-
yielding deformation calorimetric experiments on various
amorphous glasses deformed below T g . The glasses examined
were poly(methyl methacrylate ) ( PMMA ) and polycarbonate,
polyarylate and polysulfone based on bisphenol A (ab-
breviated BPAPC, BPAPA and BPAPS respectively). Stress
induced crystallization did not occur during deformation of
any of these glasses. Deformations at various temperatures
and rates in the calorimeter for these glasses demonstrated
that they stored an appreciable amount of deformation energy
during uniaxial post-yielding deformation. This thermody-
namically non-ideal plasticity was explained in terms of a
proposed deformation model. Primary features of the defor-
mation model were that energy changes took place due to
entropically elastic deformations of chains or chain
segments couple, with the energetically elastic defecation
breakage and re-formation of intermodular bonds and sec-
ondary forces. These ideas and thermodynamic data support
the conclusion that the defecation thermodynamic behavior
observed for polyethylene could be explained without involv-
ing drastic changes in crystallini ty
.
The drawn glassy samples were examined using DSC and
dynamic mechanical measurements. The results of these ex-
periments implied that some relaxation could take place
above the deformation temperature, but still far below Tg .
Thermomechanical experiments on the drawn glassy samples
yielded some striking results. A thermal shrinkage, which
was apparently unrelated to the Ta , beginning at approxi-
mately 100OC less than T, was observed for BPAPC, BPAPA and
BPAPS. These drawn samples, when exposed to thermal cycles
of maximum temperature well below Tg , developed astounding
stresses when constrained. The maximum stresses obtained
for uniaxially constrained samples exceeded 50% of the yield
stresses for all of the polymers. This behavior is an im-
portant result of the internal energy increase observed dur-
ing post-yielding deformation. The model developed to ex-
plain the internal energy change during deformation can also
be used to describe the shrinkage or stress buildup behavior
below Tg . This mechanical relaxation results from suffi-
cient activation energy, applied in the form of thermal
fluctuations, for the chains to start returning to their
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s. Plas-
thermodynamically more stable, undeformed dimension
tioity is an extremely misleadin, term t0 apply to che post .
yieldin- deformation of these polymers since the defor-
mations were neither ideally plastic in a thermodynamic
sense nor were they permanent. Sufficient thermal excur-
sions almost totally erase any dimensional changes due to
post-yielding deformation.
6.5 Additional Applications of Deformat ion Calorimetry
The limitations and possible additional uses for the
differential pressure measurement, which forms the physical
basis of the deformation calorimeter, were discussed in
Chapter 5. The differential pressure measurement may be
used as the basis for determination of gas temperature
changes, changes in sample volume due to deformation, and
gas diffusion measurements. Preliminary experiments using
the differential pressure technique to measure gas diffusion
were described.
Deformation calorimetric experiments other than simple
uniaxial post-yielding deformations were done to demonstrate
the versatility of this technique. Thermodynamic data for
uniaxial compression of a poly ( ethylene terephthalate ) (PET)
hollow fiber exhibited the anticipated qualitative behavior.
Deformation calorimetry data obtained during catastrophic
and rapid failure of various
sharp exother.s for all the samples subsequent to fracture.
This exotherm significantly lowered the internal energy of
the sables. The heat given off upon failure was attributed
to energy changes resulting from the creation of new sur-
faces so that a decrease in internal energy could take
place
.
6.6 Recommendations for Future Work
Since the technique of deformation calorimetry is a
novel one, there are almost an unlimited number of new ex-
periments which may be suggested. The suggestions made in
this section will be restricted to major research projects
which are a natural extension of the work presented in this
dissertation
.
The ability to measure internal energy changes during
deformation provides an unique opportunity for additional
research on the behavior of polyethylenes during drawing.
The primary structural parameter which influenced the defor-
mation calorimetric behavior of polyethylene was molecular
weight. Examining the thermodynamic behavior during defor-
mation of an even wider variation of molecular weights is an
extremely important experiment. It would be particularly
informative to determine if a polymer which was below the
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entanglement molecular Weight were afale fcQ^
work of deformation. since it i, i
^
C X 13 also Possible to form
defection thermodynamic behavior of some Qf^t-M give additional in£ormation about possibis
».tio„ mechanisms
. The morphQlogies that wouia bs ^
of interest are pre-oriented ones such a. f-v,s those formed from
stretching durina frvct- an^. ,g crystallization or solvent evaporation,
and extended ohein struotures such as those forced by high
Pressure orystalli.ation or ultra drawing. The energetics
of defecation to failure of the extended chain structure
might give infornation about crystal or covalent bond rup-
ture due to stress.
There are some logical extensions to the deformation
calorimetric studies on the amorphous glasses as well. The
concept of physical aging is still not well understood al-
though the physical changes which occur with time in an
amorphous glass are of tremendous practical and scientific
importance. A systematic study of the deformation thermody-
namic behavior of physically aged amorphous glasses might
further elucidate some of the changes which take place dur-
ing aging. This is a very appropriate study since stress
and physical aging do seem to be related and a fundamental
starting point in the understanding of this phenomenon is
thermodynamics. Since the deformation calorimetry on the
amorphous glasses was all isothermal, additional scanning
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calorimetry experts are also appropriate. Quantitative
scannxng calorimetric behavior of the drawn amorphous
glasses might yield additional insight into the sub Tg re-
laxation. A complementary experiment to this would be
isothermal solution calorimetry on the drawn and isotropic
amorphous glasses. The internal energy change for deforma-
tion could be obtained by difference and compared with the
deformation calorimetric results. Solution calorimetry has
the advantage that it could be done on samples with a vari-
ety of stress and thermal histories, and the internal energy
level of various samples could be compared with a reference
sample. Thus, solution calorimetry is another means of
studying thermodynamic changes during physical aging.
A number of possible experiments are not directly re-
lated to any of the studies done in this dissertation but
might provide a nucleus for future research projects. The
deformation calorimetric results during fracture of the
amorphous thermoplastics were intriguing. The thermodynam-
ics of failure for a number of other materials would also be
interesting and might provide a deeper insight into the
failure process. The calorimetric behavior of elastic mate-
rials during failure such as a brittle metal or ceramic and
an elastomer would provide a good basis for comparison of
the results for failure of the amorphous glasses. Future
systems which would also be interesting to examine during
failure are semi-crystalline rubbery and glassy
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thermoplastics and al so Resets. Covalent bond rupture
tak6S PlaCe *™ fracture of Resets, the
deformation thermodynamic behavior might provide valuable
experimental evidence for this process. A study closely re-
lated to failure or fracture phenomenon is the examination
of adhesive failure. Adhesion is not well understood, and
the ability to make direct thermodynamic measurements during
peeling or de-bonding should provide useful information
about these processes. There are many permutations of peel
or tear experiments which may be devised, though perhaps the
simplest would be the separatxon of a flexible polymer from
a rigid, inert substrate. Once this behavior was well
understood and experimental difficulties such as gas adsorp-
tion onto the new surfaces were overcome, it might be possi-
ble to extend peeling experiments to more complex three
phase systems or to structural composites.
There are presently many questions concerning the be-
havior of impact modified polymers during deformation.
There are a wide range of these types of polymers ranging
from acrylonitrile butadiene styrene copolymers to high im-
pact polystyrene and rubber modified epoxy. A majority of
the understanding about these systems comes from scanning
and transmission electron micrographs taken prior and subse-
quent to deformation. A comparison of the deformation
calorimetric behavior of the impact modified versus the neat
polymer might provide an additional clue to the mechanisms
of toughening. a relat-e»H r^c^-. «.lated research project would be to exam-
xne the deformation behavior of f illed polymer systems
, par.
ticularly those which are known to for, internal voids due
to separation of the fiUer from the matrix
. Ifc would pro _
vide valuable engineering information to know the energetics
of this filler de-bonding process. This knowledge might en-
able one to design tougher filled systems based on their de-
formation calorimetric behavior.
The preliminary diffusion experiments demonstrated that
the differential pressure technique was especially sensitive
to minute changes in the mass of gas. This high sensitivity
makes this technique an ideal one to examine the diffusion
of gases or vapors into polymers where diffusion is very
fast and often difficult to detect using conventional meth-
ods. The configuration of the differential pressure device
and the absence of sample contact from any load cell or ex-
ternal probes to detect mass changes is also a distinct ad-
vantage. The diffusion of gases or vapors into samples un-
der varying degrees of stress could be easily studied.
Thus, the influence of both stress and time on diffusion
could be determined.
REFERENCES
L . E
.
Malvern
, Introduction to the Mechanics ofContinuous Medium, Prentice^HaTT (-1969) " ~
*
Dir^rrLlJ^ 1"0^9 "1^" ^ Deformation . Ph . D .issertation, University of Massachusetts (1985).
J. P. Joule, Proc. Roy. Soc. (London), 8, 564 (1857).
J. P. Joule, Phil. Mag., 15, 538 (1858).
9^(1859^' Ph±1 ' TranS ' ROY - SOC ' (Lond°n >> 149,
288
G
ufS5)^' Lit ' Ph±1 ' SOC ' (Maachester) , 1,
W. Thompson (Lord Kelvin)
, Mathematical and PhysicalPapers (London), 3, 65 (1890).
T
307°U934)
H
'
Quinney
'
Proc
-
Roy
'
Soc
-
(London),G.I.A143
H. Quinney and G.I. Taylor, Proc. Roy. Soc . (London)
A163, 157 (1937). '
M.B. Bever, D.L. Holt and A.L. Titchener, The stored
Energy of Cold Work
, Pergamon Press Ltd. (1973T
I. J. Duvdevani, J. A. Biesenberger and C.G. Gogos,
Polym. Eng. Sci
. , 9, 4, 250 (1969).
I.J. Duvdevani, J. A. Biesenberger and C.G. Gogos,
Polym. Eng. Sci., 10, 6, 320 (1970). '
E. Calvet and H. Pratt, Recent Progress in Micro-
Calorimetrv
, Macmillan Co., New York (1963).
A. A. Schlierermacher
, Am. Physik., 34, 623 (1888).
F. H. Muller and A. Engelter, Rheol. Acta, 1,
39 (1958) .
Yu K. Godovskii, G.L. Slonimskii and V.F. Alekseyev,
Polym. Sci. USSR, 15, 1345 (1969).
Yu K. Godovskii, Polymer, 22, 76 (1981).
241
U, 2444 (1969)!
Andrianov
'
Vysokomol
.
Soyed.
, Alll,
S.N. Chvalun, A.N. Ozerin Yu A 7,,k«„ v ^Godovskii, N.F. Bakeyev and A A " HuTlk p 7* ctfSS*, 23, 6, 1529 (1981) Baulin, Polyjn. Sci.
Yu K. Godovskii, Coll. & Polym. Sci .
, 260, 461 (1982).
F
0,i
eCa^ Makromol .
199'(l983)
n ^ G - W ' H - H°hne
'
^ermocAijnica Acta, 69,
G P. Andrianova, B
. A
. Arutynov and Yu V pODOv 7Polym. sci., Polym. Phys
. Ed^ 16f { *°P°J<
Sta^iSi)?- PoiyJn - Sci " Polym ' 24,
LeoI
F
°Jart ?
e
?
ner
'.
Pro<^ *>urtA Int. Cong.eoi
- ^ 2
'
Wlley Interscience, New York (1965)7
islo (1986^
R
- J
'
Farris
'
Rev
'
Sci
'
Inst
" 57 '
I.N. Sneddon The Linear Theory of Thermoelas ticitvSpnnger-Verlag, New York (1974): * x cy,
L.R.G Treloar, The Phvjsics, of Rubber ElasticityClarendon Press Oxford (1958K Y '
L?^ Mulle,r, Rheoloqy, Vol. y, F .R. Eirich editorAcademic Press, New YorFlT969). 6 -Li -L n a ,
pA?; ?S
d
f
6
' —
Neckin<? ™* Fracture Behavior ofPolyethylene, Ph.D. Dissertation, DepartiiHt~5fPolymer Technology, The Royal Institute of Technology,Stockholm (1980).
R.J. Lo Neutron Scattering Studies of the Orientation
ot Crystalline and Amorphous Polymers
, Ph.D. Dis-
sertation, Polymer Science & Engineering, University
of Massachusetts, Amherst, MA (1986).
W.W. Adams, Ph.D. Dissertation, Polymer Science &
Engineering, University of Massachusetts, Amherst,
MA (1984) .
J
F„J*
adY
'
Ph * D
*
Diss^tation, Polymer Science &
X™"?"' Universi^ of Massachusetts Amherst,
A. Keller, J. Polym. Sci
.
, 17, 351 (1955).
l^(1959^ and F - J * Padd6n ' Jr " J ' Poly*- 34,
^•(1959).^ P3dden ' Jr " J ' Po1^' 34,
113"(1974K
Z
'
J
'
MaCr°mo1
-
Sci
-
Reviews), CIO,
M Takayangi, H. Harima and Y. Iwata, Rep ProaPolym. Phys. Jpn., 6, 121 (1963). 9
'
2235 (1972).
and " J
' • 43,
u/mNiS™:*' Phillips ' J - >°iy»' **-
T.S. Chow, Polymer, 20, 1576 (1979).
A. Keller, Phil. Afagr. f 2, 1171 (1957).
8;
C
i753
S
U96i)
F ' C
'
3nd A
*
K6ller
'
Phi1
'
Mag"
A. J. Pennings and A.M. Kiel, Kolloid Z Z, 205 (1960)
P. Smith and P.J. Lemstra, Coll. Polym. Sci., 258891 (1980).
P.J. Barham, Polymer, 23, 1112 (1982).
G. Cannon, Polymer, 23, 1123 (1982)
.
M.R. Mackley and A. Keller, Polymer, 14, 16 (1982).
D.C. Yang and E.L. Thomas, J. Mat. Sci., 19
2098 (1984).
B. Wunderlich and T. Davidson, J. Polym. Sci., Polym
Phys. Ed., 7, 2043 (1969) .
B. Wunderlich, Macromolecular Physics
, Volume 1_,
Crystal Structure
, Morphology
, Defects
, Academic
Press (1973).
D.C. Bassett, Polymer, 17, 460 (1976).
U77 (Srtft
and R
- s
-
Po""- J
-
roiy. «,
5& !6
G
-
2 o
p
o
r
^6, and N - J - c*i-«-
4278 U976
and ^ POrt"' «-
™We^s . s£dM?r i 3and0 ^i sii^^r - J -
?i";."«
ks a"d
fcjj ESS?:
Poij"°-
A.E. Zachariades and R.s. Porter, editors TheStrength and Stiffness of Polymers
. Marcel DikkerInc., New York (1983) . 1 ueKK ,
A. Peterlin, J. Polym. Sci. f Part C, 15, 427 (1966).
A. Peterlin, J. Mat. Sci
.
, 6, 490 (1971).
6"a978r
n and E - L
-
Thomas, Polym. Eng. & Sci., 18,
14
M
(1979)"
n ^ E ' L * Th°maS ' Polym - En<3- * Sci., 19,
P.B. Bowden and R.J. Young, J. Mat. Sci 9
2034 (1974). ' '
T. Juska and I.K. Harrison, Polym. Eng. Rev., 22
13 (1982)
.
T. Juska and I.K. Harrison, Polym. Eng. Rev., 22,
766 (1982).
R.E. Lyon and R.J. Farris Polvm p„„ r « •908 (1984). ' ^OJ-y^' Eng. & Sci., 24,
25!
Ge
857 U973;
H
-
MUllef
'
Z
' ">^-
26
J
-i5oHl9 8 5»'
A
-
Tayl°r and H
- A
"
Willis
'
™y»*r,
A. Peterlin, J
.
Polym. Sci., Part C, 15, 427 (1966)
I
^;,-
SUmi
D
t
^
K
'n
"
iyasaka and K- Ishikawa, J. Polym.Sci., Polym. Phys. Ed., 15, 837 (1977).
K.H. Illers, Makromol. Chem.
, 12, 89 (1970).
U.W. Gedde, B. Terselius and J.F. Jansson, Polym.Eng. & Sci., 20, 11, 732 (1980).
M.A. Mcrae, W.F. Maddams and J.E. Preedy, J Mat
Sci., 11, 2036 (1976)
.
H.H. Chuah, Structure Property Studies in the
Deformation of Semi-Crystalline Polymers
, Ph7D.
Dissertation, Polymer Science & Engineering,
University of Massachusetts (1985).
F. Kloos, Ph.D. Dissertation, Mainz, W. Germany
(1970).
R.S. Stein, S. Krimm and A.V. Tobolsky, Textile
Research Journal, 19, 1 (1949)
.
R.S. Stein, J. Polym. Sci., 34, 709 (1959).
A. Peterlin, Polym. Eng. & Sci., 18, 6, 488 (1978).
F. DeCandia, R. Russo, V. Vittoria and A. Peterlin,
J. Polym. Sci., Polym. Phys. Ed., 20, 1175 (1982).
A.J. Kovacs, J. Polym. Sci., 30, 131 (1958).
L.C.E. Struik, Physical Aging in Amorphous Polymers
and Other Materials
, Elsevier Scientific Publishing
Company, New York (1978).
F- Krum and F.H. Muller, Kolloi d Z. 164, 81 (1959
,
K.H. UXers and H. Breuer, Kolloi* Z, 176, ll0 (1961J
lli^K" ^ H ' BrSUer ' J - Coll. Sci., 18 ,
l99
H
U964
a
K ^ °
kam0t
°' JaPan
-
J
- 3,
D.C Watts and E.P. Perry
, Polymer
, 19# 248 (1978)
_
J. Heijboer, J. Poij™. 5ci . Part C, 16, 3755 (1968).
32
M
il977K
C ' W
-
MakOSk
°' P°lym
'
E»*'
54
F
(1981)
and S ' A
'
Smlth
'
Macr°"olecules, 14,
L
5;i:,
B
l6
Ut
2
a
(19
a
76)
S - M
-
Kri3hnak—
'
22^150l95S'(1982)
d B"tty
'
P^
TL Smith T. Ricco, G. Levita and W.K. Moonan,Plast. Rubb. Proc. Appl
. , 6, 1, 81 (1986).
W.M. Prest and F.J. Roberts, Cont. Top. in PolymSci., 4, 855 (1981). r x .
4658
a
(1977).
and H ' E
'
Bair
'
J
°
APPl
'
Ph7S
"
48
'
10
'
201 *( 197 3 J
3""3 D ' R
'
Uhlmann
'
J
'
Appl
.
Phys., 44, 1,
V.A. Bershtein, V.M. Yegorov, L.G. Razgulyayeva andV.A. Stepanov, Polym. Sci. USSR, 20, 2560 (1979).
G. Adam, A. Cross, R.N. Haward, J. Mat. Sci., 101582 (1975).
J.W. Maher, R.N. Haward and J.N. Hay, J. Polym. Sci
Polym. Phys. Ed., 18, 2169 (1980).
N. Weimann, J
.
Polym. Sci .
,
C6, 117 (1964).
105.
106.
107.
108.
109.
110.
111.
112.
113.
116.
120
246
P.I. Vincent, Polymer, 1, 7 (1960).
A. Considere, Ann. des Ponts et Chausees, 6, 9 (1885).
Poly*. ^.,^258,' 42 a^oT^ "* & * Cr°" '
G. M. Bryant, Text. tfes
., 31, 399 (1961).
4U8 U96tT ^ *" Ka2ama ' J ' APP1 ' Phrs - 38 '
H. Eyring, J. Chem. Phys
. , 4, 283 (1936).
R.P. Kambour and R.E. Robertson, Polymer Science
.
688* (19?2)
nS
'
edlt °r
'
North-Holland, London
174*
( 1977 K
and BeSSOnoV
'
Polym
- ^g. Sci., 3, 17,
917*
( 1977?
and U ' lm Bessonov
'
Phil
-
t**g., 4, 35,
114. P.B. Bowden and S. Raha
, Phil. Mag., 29, 149 (1974)
115. A. Thierry, R.J. Oxborough and P.B. Bowden, Phil
Mag., 30, 527 (1974).
D.H. Ender, Plastic Deformation of Polymers, A.
Peterlin, editor, Marcel Dekker, Inc., New York,
175 (1971) .
117. M.S. Wu, J. Appl. Polym. Sci., 32, 3263 (1986).
118. R.J. Farris and R. Falabella, Sagamore Army Mat. Res
Con. Proc, July (1985).
119. T. Pakula and M. Trznadel
, Polymer, 26, 1011 (1985).
M. Trznadel, T. Pakula and M. Kryszewski, Polymer,
26, 1019 (1985).
121. M. Trznadel, Polymer, 27, 871 (1986).
122. T. Kato and H. Kambe , J. Appl. Polym. Sci., 22,
1767 (1978).
123. I.V. Yannas and A.C. Lunn, J. Polym. Sci. Polym. Lett
Ed., 9, 611 (1971).
247
124. R.J. Farris, J. Appl. Polym. Sci., 8, 25 (1964).
125. r.j. Farris, Trans. Soc. Rheol., 12, 315 (1968).
126
'
ti92i?
rif
p
ith
'
Phil
'.
Tr*ns
- ^y. Soc, A211, 163
in Proe F?rYt
C
r
0,
i
taine
^
errors whl =h were corrected
(1924K*
J* te™- Congr. Appl. Mech.
, Delft
127. G.R. Irwin, Trans. Amer. Soc. Metals, 40, 147 (1948)
128. E. Orowan, Repts
. Prog. Phys., 12, 185 (1948).
129. G.P Andrianova, A.S. Kechekyan and V.A. Kargin, JPoiym. Sci. A-2, 9, 1919 (1971).
130
132
T. Pakula and E.W. Fischer, J. Polym. Sci. Polym
Phys. Ed., 19, 1705 (1981).
131. C.W. Smith and M. Dole, J. Polym Sci., 20, 37 (1956)
B. Ke, J. Appl. Polym. Sci., 6, 624 (1962).
133. W. Doll, Eng. Fract. Mech., 5, 259 (1973).
134. W. Doll, G.W. Weidermann and M. Schinker, Non-Cryst
Solids, 612 (1977) .
BIBLIOGRAPHY
1582'(1975K°
SS
'
A
" R ' N " J ' M**- 10,
Adams, WW., Ph.D. Dissertation, Polymer Science &Engxneerxng, University of Massachusetts, Amherst MA
Andrews, R.D., Kazama, Y.
, J. Appl . Phys
. ,
3 8, 4118
Andrianova, G.P., Arutynov, B.A., Popov, Yu V JPolym. Sci., Polym. Phys. Ed., 16, 1139 (1978)!
Andrianova, G.P., Kechekyan, A.S., Kargin, V.A., J.Polym. Sci. A-2, 9, 1919 (1971).
Argon, A.S., Bessonov, M.I.
, Phil. Mag., 4, 35, 917(1977) ..
Argon, A.S., Bessonov, M.I., Polym. Eng. Sci., 3 17174 (1977) . ' ' '
Barham, P.J., Polymer, 23, 1112 (1982).
Bassett, D.C., editor, Developments in Crystalline
Polymers I
f
Applied Science Publication (1983).
Bassett, D.C., Frank, F.C., Keller, A., Phil. Mag., 8,
1753 (1963).
Bassett, D.C., Polymer, 17, 460 (1976).
Bershtein, V.A.
,
Yegorov, V.M.
, Razgulyayeva
,
L.G.,
Stepanov, V.A., Polym. Sci. USSR, 20, 2560 (1979).
Bever, M.B., Holt, D.L., Titchener, A.L., The Stored
Energy of Cold Work, Pergamon Press Ltd. (1973).
Bowden, P.B., Raha
,
S., Phil . Mag., 29, 149 (1974).
Bowden, P.B., Young, R.J., J. Mat. Sci., 9, 2034
(1974) .
Brady, J., Ph.D. Dissertation, Polymer Science &
Engineering, University of Massachusetts, Amherst, MA
(1987) .
248
249
B
16°TU976,-
J
-' KriSh
-*-ar. S.M., Polym
. Bng
. ScJ
.,
Bryant. G.M.
, Text. «...
, 31 , 399 (19gl)
_
Cannon, G.
,
Polymer, 23, 1123 (1982).
Capiati, N.J., Porter, R.S., J. Po iym
. 5ci .
, 13, 1177
Chow, T.S., Polymer, 20, 1576 (1979).
Chvalun, S.N Ozerin, A.N. Zubov
, Yu A.
, Godovskii, Yu
6;'l529 U981) '
BaUlin
'
A - A
-'
P°lym
-
SC1
-
USSR
'
23
'
Considere, A., Ann. des Ponts et Chausees, 6, 9 (1885).
U977)
W " M
*' Mak°Sk°' C ' W " Polym ' Sci., 17, 32
DeCandia, F., Gennaro, R
. , Vittoria, v., Makromol.
Chem.
, 175, 2983 (1974)
.
DeCandia, F., Russo, R., Vittoria, V., Peterlin, A., JPolym. Sci., Polym. Phys
. Ed., 20, 1175 (1982).
Doll, W.
,
Eng. Fract. Mech., 5, 259 (1973).
Doll, W., Weidermann, G.W., Schinker, M.
, Non-Cryst.
Solids, 612 (1977)
.
Duvdevani, I.J., Biesenberger
, J. A., Gogos
,
C.G.,
Polym. Eng. Sci., 9, 4, 250 (1969).
Duvdevani, I.J., Biesenberger, J. A., Gogos, C.G.,
Polym. Eng. Sci., 10, 6, 320 (1970).
Ender, D.H.
,
Plastic Deformation of Polymers
, A.
Peterlin, editor, Marcel Dekker, Inc., New York, 175
(1971) .
Eyring, H.
, J. Chem. Phys., 4, 283 (1936).
250
Farris, r.j., j. Appl
_ Polya
_ ^ g ^
Farris. r.j., rrans
. Soc
_ ^ ^
°J
-
Part 2
'
Mlley Interscience, New York (1965).
Si^thylene i^22 5^ F"CtU" Behavior o£
857
t
U9?i,'.
MUll*r
'
F - H
-'
*0ii
'
Z
- * 2 - 251,
Godovskii, Yu K.
,
Coll. & Polym. Sci., 260, 461 (1982).
Godovskii, Yu.K., Levin, V.Yu.
, Slonimiskii
, G.L.Zhdanov A. A., Andrianov, K.A.
, Vysokomol. Soyed.,Alll, 11, 2444 (1969).
Godovskii, Yu.K., Polymer, 22, 76 (1981).
Godovskii, Yu.K., Slonimskii, G.L., Alekseyev, V FPolym. Sci. USSR, 15, 1345 (1969).
??SlJ?' °"' J ' PolYm - Sci " Polym. Phys. Ed., 24, 1839(19 86) .
Gough, J., Mem. Lit. Phil. Soc. (Manchester), 1, 288(180 5) .
Griffith, A. A. , Phil. Trans. Roy. Soc, A211, 163
(1921). Paper contained errors which were corrected in
Proc. First Intern. Congr
. Appl. Mech., Delft (1924).
Halpin, J.C., Kardos
,
J.L., J. Appl. Phys., 43, 2235
(1972) .
Hara, T.
,
Okamoto, S., Japan. J. Appl. Phys., 3, 499
(1964) .
Coll. Polym. sci.,T 258 42 ntto)^' ' Cr°SS '
Hei^oer, J.
, j. Poiyjn
. Sc^ ^ q ^ ^
l"f U985K' Tayl °r ' M - A - WUlis ' H.A.. Poller, 26,
Illers, K.H., Breuer, H.
, J. Coll. Sci., 18
, ! (1963)
.
Ulers, K.H., Breuer, H.
, Kolloid Z. IIS, 110 (1961).
Illers, K.H., Makromol. Chem.
, 12, 89 (1970).
Irwin, G.W., frails. Amer. Soc. Petals, 40, 147 (1948).
Joule, J. P., PAiJ . „ag
_ 15f 538 (1858)<
U859)'.
J ' P
"
Phi1
'
TranS
-
R°y
-
Soc
'
(^ndon), 149, 91
Joule, J. P., proc. Roy. Soc. (London), 8, 564 (1857).
U?82)'.
T
" HarriS0n
'
I ' K " polym- Eng. Rev., 22, 13
(1982).
T
"
HarriS°n
'
Z ' K" Polym - Eng. Rev., 22, 766
Kambour, R P., Robertson, R.E., Polymer Scienrp. A .DJenkins, editor, North-Holland, London, 688~7l972)
.
U978)
T
"
Kamb6
'
H-
'
J
'
Appl
-
PolYm
-
Sci., 22, 1767
Ke, B., J
.
Appl. Polym. Sci., 6, 624 (1962).
Keith, H.D., Padden, F.J. Jr., J. Polym. Sci., 34, 101(1959)
.
U959)
H " D " Padden ' F - J - Jr " J- Polym. Sci., 34, 123
Keller, A., J
.
Polym. Sci., 17, 351 (1955).
Keller, A., Phil. Mag., 2, 1171 (1957).
Kilian, E.G.
,
Hohne
, G.W.H., Thermochimica Acta, 69,
199 (1983).
EtSoJ.'-
Ph
-°- Dotation, Mainz, w. Germany
ITU 950° (1982)
'
C ' L
-
Kovacs, A.J., j. Polym. Sci
. , 30, 131 (1958).
Krum, P. f Muller, F.H., Kolloid Z, 164, 81 (1959).
of ' Cr^^lTI^gSH 8^^ 6. 1^ Studies 21 the Orientation9L crystalline and Amorphous Polymers
, PtTD "Dissertation, Polymer Science & Engineering! Universityof Massachusetts, Amherst, MA (1986).
U984)
R ' E
* '
FarriS
'
R * J " Polym - Bng. & Sci., 24, 908
RlE
-
Farris, R.J., Rev. Sci. Inst., 57, 1640
( 1986 ) .
Lyon, R.E., Thermodynamics of Deformation
. Ph.D.
Dissertation, University of Massachusetts (1985).
Mackley, M.R., Keller, A., Polymer, 14, 16 (1982).
Maeda, Y.
,
Kanetsuna, H., J. Polym. Sci., Poly. Phys.
Ed.
, 13, 637 (1975)
.
Maher, J.W., Haward, R.N.
,
Hay, J.N., J. Polym. Sci
Polym. Phys. Ed., 18, 2169 (1980).
Malvern, L.E., Introduction to the Mechanics of a
Continuous Medium
, Prentice-Hall (1969) .
Matsuoka, S., Bair, H.E., J. Appl . Phys., 48, 10, 4058
(1977) .
Mcrae, M.A. , Maddams
,
W.F., Preedy, J.E., J. Mat. Sci.,
11, 2036 (1976).
Mead, W.T.
,
Porter, R.S., J. Appl. Phys., 47, 4278
(1976) .
Meinel, B., Peterlin, A., J. Polym. Sci., Polym. Lett.
Ed., 5, 613 (1967).
Muller, F.H., Engelter, A., Rheol. Acta, 1, 39 (1958).
Muller, F.H., Rheology , Vol. V, F.R. Eirich editor,
Academic Press, New York (1969).
253
Orowan, E Repts. Prog. Phys., 12, 185 (1948).
Pakula, T.
, Fischer, E.W
Ed., 19, 1705 (1981).
Pakula, T., Trznadel
, M. Polymer, 26, 1011 (1985)
.
J. Polym. Sci. Polym. Phys.
Park, J.B
(1973)
.
Uhlmann, D.R J. Appl. Phys 44, 1, 201
Patel, j.
r Phillips, p.j
771 (1973).
J. Polym. Sci., Lett 11,
Pennings, A.J., Kiel, A.M., Kolloid Z Z, 205 (1960).
Peterlin, A., J. Mat. Sci., 6, 490 (1971).
Peterlin, A., J. Polym. Sci., Part C, 15, 427 (1966).
Peterlin, A., J. Polym. Sci., Part C, 15, 427 (1966).
Peterlin, A., Meinel, G. , J. Polym. Sci., Polym. Lett.
Ed.
, 3, 783 (1965) .
Peterlin, A., Polym. Eng. & Sci., 18, 6, 488 (1978).
Porter, R.S., Perkins, W.G.
, Capiati, N.J., Polym. Eng.
& Sci
. , 16, 200 (1976) .
Porter, R.S., Southern, J.H., Weeks, N.
,
Polym. Eng. &
Sci., 15, 3, 213 (1975).
Prest, W.M.
,
Roberts, F.J., Cont. Top. In Polym. Sci.,
4, 855 (1981) .
Quinney, H.
,
Taylor, G.I., Proc. Roy. Soc. (London),
A163, 157 (1937).
Sanchez, I.e., J. Macromol. Sci. (Reviews), C10, 113
(1974) .
Schlierermacher , A. A. , Am. Physik., 34, 623 (1888).
Smith, C.W., Dole, M.
,
J. Polym Sci., 20, 37 (1956).
Smith, P., Lemstra, P.J., Coll. Polym. Sci., 258, 891
(1980) .
Smith, T.L., Ricco, T., Levita, G., Moonan
,
W.K.,
Plast. Rubb. Proc. Appl., 6, 1, 81 (1986).
254
Stein, R.s., J. Polym. Sci
. , 34, 709 (1959).
Stein, R.s., Krimm, S., Tobolsky, A.V. TextileResearch Journal, 19, 1 (1949).
anrotAe^Matiria^ff1 ^hous Polymers
^P^Ne^ff?fHi 97E^eVler S—tific PublishingSa 'p^s. M^ K " - ^lym.
lTyT%n : Hs: SFEi.5>: Iwata ' — — • —
U978)'.
P ' M
"
Th°maS
'
E ' L
" Poi^' *V- 4 18, 6
(1979)'.
P ' M
"
Th°maS
'
E * L
-'
P°l7m
'
Ea*- & S<=i-> 19. 14
In3?
r
30?-a934)
Uinney
'
H "
35'
e
527'(^974?
Xb°rOUgh
' ^ ' B°Wden ' P - B " PAii '
Thompson W.
,
(Lord Kelvin), Mathemetical and PhysicalPapers (London), 3, 65 (1890).
Treloar, L.R.G.
,
The Physics of Rubber ElasticityClarendon Press Oxford (1958)
.
1019
a
U985^"
PakUla
'
T " Kryszewski, M.
,
Polymer, 26,
Trznadel, M.
, Polymer, 27, 871 (1986).
Vincent, P.I., Polymer, 1, 7 (1960).
Watts, D.C., Perry, E.P., Polymer, 19, 248 (1978).
Weeks, N.E., Mori, S., Porter, R.S., J. Polym. Sci.,
Polym. Phys. Ed., 13, 2031 (1975).
Weeks, N.E., Porter, R.S., J. Polym. Sci., Polym. Phys.
Ed., 13, 2049 (1975).
255
Wei-nann. N.
, J. Polya
_ ^ „ ^ ^
_
Wu. M.S., J. Appi. Poiym
. Scl . ; 32 32g3 (i986)
Wunderlich, B.
, Davidson T r d ,PAys. £d., 7, 2043 (1969)'. °Iy"- 5" ' ' Poly-
(1973)7 '
lruct"rn
.
Morphology,, Defects
. Academic" Press
Il5l4)
D
- C
-'
Th°maS
'
E
- L
-'
J
-
">* 19. 2098
Yee, A.F.. Smith, S.A., Macromolecules, 14, 54 (1981)


